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Abstract 
Films of Ti-Si-N obtained by reactively sputtering a TiSi2, a Ti5Si3, or a Ti3Si 
target are either amorphous or nanocrystalline in structure. The atomic density of some 
films exceeds 1023 at./cm3. The room-temperature resistivity of the films increases with 
the Si and the N content. A thermal treatment in vacuum at 700 °C for 1 hour decreases 
the resistivity of the Ti-rich films deposited from the Ti5Si3 or the Ti3Si target, but 
increases that of the Si-rich films deposited from the TiSi2 target when the nitrogen 
content exceeds about 30 at.%. 
Ti34Si23N43 deposited from the Ti5Si3 target is an excellent diffusion barrier 
between Si and Cu. This film is a mixture of nanocrystalline TiN and amorphous SiNx. 
Resistivity measurement from 80 K to 1073 K reveals that this film is electrically 
semiconductor-like as-deposited, and that it becomes metal-like after an hour annealing at 
1000 °C in vacuum. A film of about 100 nm thick, with a resistivity of 660 µOcm, 
maintains the stability of Si n+p shallow junction diodes with a 400 nm Cu overlayer up 
to 850 °C upon 30 min vacuum annealing. When used between Si and Al, the maximum 
temperature of stability is 550 °C for 30 min. This film can be etched in a CF i02 
plasma. 
The amorphous ternary metallic alloy Zr60Al 15Ni25 was oxidized in dry oxygen in 
the temperature range 310 °C to 410 °C. Rutherford backscattering and cross-sectional 
transmission electron microscopy studies suggest that during this treatment an amorphous 
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layer of zirconium-aluminum-oxide is formed at the surface. Nickel is depleted from the 
oxide and enriched in the amorphous alloy below the oxide/alloy interface. The oxide 
layer thickness grows parabolically with the annealing duration, with a transport constant 
of2.8x1Q-5 m2/s x exp(-1.7 eV/kT). The oxidation rate is most likely controlled by the Ni 
diffusion in the amorphous alloy. 
At later stages of the oxidation process, precipitates of nanocrystalline Zr02 
appear in the oxide near the interface. Finally, two intermetallic phases nucleate and 
grow simultaneously in the alloy, one at the interface and one within the alloy. 
I. Reactively Sputtered Ti-Si-N Thin Films for Diffusion 
Barrier Applications 
Chapter 1 Introduction 
The design and technology of the metal/silicon contact and of the metallization 
for interconnection lines of integrated circuits are continually gaining in emphasis as the 
density of components on a chip increases, the size of a single component shrinks, and 
the width of the interconnect lines and vias decreases. In that trend, diffusion barriers 
play an ever more critical role. In the metal/silicon contact, the diffusion barrier is a 
conductive layer introduced between the silicon or the silicide and the metal interconnect 
to prevent intermixing of the layers during processing. In a review paper by H. Kattelus 
and M-A. Nicolet [1 ], four basic categories of diffusion barriers are discussed -
elemental barriers, stuffed barriers, inert barriers, and amorphous barriers. Elemental 
polycrystalline films are normally poor barriers. Even when they are thermodynamically 
stable with the metal overlayer and the Si below and when they do not exhibit substantial 
solubility for and in them, the grain boundaries in the film can provide fast diffusion path 
for atoms of the overlying metal film or of the Si. For example, Cu diffuses through a 
100 nm of Ta layer at 450 °C, and affects the Si device below [2). Recognizing this 
problem, the idea of stuffed barriers was introduced where the grain boundaries of the 
films are decorated with impurity atoms such as C, N, or 0. These impurities can 
strongly hinder the diffusion along grain boundaries or extended defects. The diffusion is 
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further reduced by usmg highly refractory compounds ("inert barriers"), such as 
interstitial alloys whose melting point is extremely high. Amorphous compound barriers 
were proposed to completely eliminate grain boundary diffusion. 
Ti/TiN bilayers are the most widely used adhesion/barrier scheme in industry for 
Al interconnects, and frequently with Was the via material [3]. To circumvent the use of 
W, Al reflow [4-7] and forcefill techniques are under development [4,8-11]. Such 
technologies also rely on a sturdy diffusion barrier. 
As the line width and the via size shrink to sub-0.25 micron dimensions, industry 
faces new challenges, which call for yet further performance improvement of diffusion 
barriers. For example, sputtering gives non-uniform step coverage in the via. Even with 
a collimator, the thickness of the barrier at the top of a via opening is about twice that at 
the bottom [12-15]. To sustain subsequent heat treatments, a few tens of nanometers of 
TiN are required at the via bottom. In such instances, the excess TiN at the top comer of 
the via becomes a severe limitation. Chemical-vapor-deposited TiN has been developed 
in the recent past to circumvent this step-coverage problem [16]. For vias of sub 0.25 µm 
dimensions, the allowable barrier thickness is projected to decrease toward 5-10 nm. TiN 
barriers cannot currently meet this goal. Truly robust barriers are needed to satisfy such 
future requirements. 
The shrinking via dimensions imposes stringent conditions on the electrical 
characteristics of a diffusion barrier. It is estimated that a via resistivity of 1 Q is desired 
to satisfy the demand of speed [17]. That requirement calls for a barrier material that has 
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a bulk resistivity of less than 100 µQcm if the barrier is 100 nm thick, or 1000 µQcm if 
the barrier is 10 nm thick. Also, the contact resistance must be less than 10-9 ncm2. 
Copper is presently considered as an interconnect material for the sub-0.25 µm era 
of ULSI to replace Al which is now commonly used [18-21]. The advantages of Cu are 
its low resistivity (1.7 µQcm vs. 2.7 µQcm for Al) and superior resistance to 
electromigration and stress voiding [22-23]. TiN is a natural choice as a barrier for Cu 
metallization because Cu is thermodynamically stable with TiN. In an early 
investigation, Cheung et al. reported a 650 °C maximum temperature of stability for 30 
min vacuum annealing, when 100 nm of reactively sputtered TiN is used as a barrier 
between Cu and Si [24]. That result is based on Rutherford backscattering analysis. A 
review of the diffusion barriers for Cu can be found in ref. 25. 
Experiments have been carried out to explore the mechanism of diffusion of Si, Al 
and Cu in TiN [26-28]. The results are listed in table 1.1. They indicate that the Al 
diffusivity in TiN is orders of magnitude higher than that of Si and Cu at 550 °C. The 
diffusion of Cu is substantial at 800 °C and faster than that of Si. All authors claim that 
diffusion mainly takes place at grain boundaries and defects. 
Amorphous ternary diffusion barriers were first reported in 1988. Ternary thin 
films of the type TM-Si-N (TM=Ta, Mo or W) have shown outstanding barrier 
performance to Si devices for Al as well as for Cu metallizations [2,29-34]. W-Si-N 
films have also been found as excellent barriers for GaAs/ Au contact [35,36]. The films 
are structurally amorphous and chemically inert with Cu and Si, two attributes that 
promote the low diffusivity and the high chemical stability that a good diffusion barrier 
4 
should process. From the reported Arrhenius laws [28,34], the diffusivity of Cu in an 
amorphous Ta36Si14N50 film is lower than that in TiN at 800 °C (Table 1.1). 
The first part of this thesis discusses in a systematic way the experimental results 
on ternary films of the type Ti-Si-N. The films are synthesized by reactively sputtering 
targets of TiSi2, Ti5Si3, or Ti3Si, in an Ar/N2 mixture. The close compositional 
relationship of Ti-Si-N with the well-established TiN as thin-film diffusion barrier is a 
major advantage of this system over ternary films of other transition metals in terms of 
compatibility with established technology, and hence their acceptability. 
In chapter 2, we report on the microstructure, atomic density and electrical 
resistivity of the films. The evolution of these properties upon heat treatment is 
considered as well. To clarify the mechanism of electrical conduction, the resistivity of 
Ti34Si23N43 films, both as-deposited and annealed, is measured from 80 K to 1073 K. 
Results of reactive ion etching of the as-deposited Ti34Si23N43 film in a CF 4/02 plasma 
are also discussed. The effectiveness of the Ti-Si-N films as diffusion barriers between 
Si and Al or Cu are reported and discussed in Chapters 3 and 4. A comparison of the Ti-
Si-N films with TiN and other ternary TM-Si-N (TM= Ta, W, or Mo) films is provided to 
facilitate an evaluation of their applicability. 
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Diffusivity (cm"/s) Activation energy ref. 
at 550 cc at 800 cc (eV) 
Si diffusion in TiN 8.3xlo-" 1.6xl0-10 0.27 26 
Al diffusion in TiN 1.4x 10-15 0.5 27 
Cu diffusion in TiN 6.9x10-20 1.4x 10-!3 a) 4.4 28 
Al diffusion in Ta36Si14N50 * * 34 
Cu diffusion in Ta36Si 14N50 2.lxl0-
19 1.9xl0-15 a) 2.7 34 
* self-sealing AlN layer forms between Al and Ta36Si14N50, diffusivity is below 
resolution of secondary ion mass spectroscopy up to 700 cc heat treatment for 10 hours 
[34]. 
a) data extrapolated from Arrhenius relationship given in the reference. 
Table 1.1 Diffusivity of Si, Al and Cu in TiN, and that of Al and Cu in Ta36Si14N50 at 550 
and 800 cc. 
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Chapter 2 Synthesis and Properties of Ti-Si-N Thin Films 
2.1 Deposition and experimental procedures 
The films were deposited by reactively sputtering a TiSi2, a Ti5Si3, or a Ti3Si 
target in an rf magnetron sputtering system equipped with a cryopump and a cryogenic 
baffle. The targets are 3 inch in diameter, 118 inch in thickness, and were purchased from 
Cerac corporation. They were powder-pressed and have a purity level of 99.99%. They 
were bonded to 1/8 inch-thick Cu or Al backing plates using ECCOBOND® CT5047-2 
silver-filled epoxy adhesive. The bonded targets were then mounted on one of the three 
target holders at the top of the sputtering system. The base pressure of the evacuated 
sputtering chamber is about 5 x 10-7 Torr, but it rises to 2 x 10-6 Torr with the cryopump 
throttled for sputtering. A net forward sputtering power of 300 W was applied. The 
substrates were placed on a holder about 3 inches below the target. The holder was 
grounded during deposition and could be rotated to place five separate sets of substrates 
below the target without interrupting the deposition process. A gas mixture of Ar and N2 
was used during sputtering. The flow rates of the gases are adjusted by MKS flow 
controllers. The sensitivity of the controllers is 0.1 cm3/min. The Ar flow rate is fixed at 
56 cm3/min for all depositions, while the N2 flow rate is varied from 0 to 4 cm
3/min. The 
substrates used are silicon wafers, either bare, or covered with either thermally-grown 
silicon dioxide or stripes of photoresist. Pieces of graphite tape were also included, 
which provide samples with a clean background for the N and 0 signals in their 
backscattering spectra. The thickness of the films is about 200 run as measured by a 
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stylus profilometer using the patterned films and acetone lift-off. Some films on a 
thermally oxidized Si substrate were annealed in a quartz-tube furnace at a pressure less 
than 1x10-6 Torr for an hour in the 400 to 1000 °C temperature range, for crystallization 
study and for sheet resistance measurement. Those on graphite substrates were annealed 
at 900 °C for 1 hour for composition and density analysis, and for comparison with the 
as-deposited sample. 
The properties of the films, as-deposited and annealed, were characterized by 2.0 
MeV 4He2+ backscattering spectrometry, 12°-glancing angle and theta-twotheta x-ray 
diffractometry with Co Ka (0.179 nm) or Cu Ka (0.154 nm) sources, and four-point-probe 
sheet resistance measurement. 
The microstructure of the films was characterized by transmission electron 
microscopy with either a Philips EM301 or a EM430 microscope. For these analyses, 20 
nm-thick films were deposited on 3 mm-diameter Cu grids covered with holey carbon. 
The experimental procedures described here are general. When a specific 
technique or analytical method was used to study a certain film, the details are described 
in the text. Experimental techniques and procedures used for x-ray photoelectron 
spectroscopy, cross-sectional transmission electron microscopy, resistivity measurement 
as a function of temperature, and reactive ion etching are described in the respective 
sections. 
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2.2 Composition of the films 
The increase in the nitrogen content of the films with rising N2 partial flow rate is 
shown in Fig. 2.1. The data were derived from the relative signal height of the elements 
in the backscattering spectra of the films on graphite substrates. For example, Fig. 2.2 
displays the 2.0 MeV 4He2+ backscattering spectrum of a 140 nm-thick Ti34Si23N43 film 
deposited from the Ti5Si3 target on a graphite substrate. The extensions of the Ti peak on 
its high- and low-energy sides come from the low-abundance isotopes of Ti and the Ar 
impurity in the film. There is a 5% uncertainty in the atomic composition determined due 
to the resolution limitation of MeV 4He2+ backscattering spectrometry and statistical 
errors. The multiple data points in Fig. 2.1 are the result of repeated depositions with the 
same sputtering parameters. We attribute the observed composition variations to the 
uncertainty in the N2 partial flow rate, due to the sensitivity limit of the N2 flow-meter, 
combined with the errors from the backscattering spectrometry measurement. The as-
deposited Ti-Si-N films generally contain 2 to 5 at.% of oxygen. The oxygen is 
distributed uniformly within the film and with an increased amount at the surface. The 
oxygen content increases with the N2 flow rate and therefore can be associated with 
oxygen introduced by the N2 gas. The increase in oxygen content may also be related to 
the drop in sputtering rate with increasing N2 partial pressure. The Ar content in the film 
cannot be accurately measured by backscattering spectrometry as its signal partly 
overlaps that of Ti, but it is estimated below 5 at.%. With increasing nitrogen 
concentration, the color of the as-deposited films changes from shiny silverish to dark 
gray, sometimes light brown with high nitrogen concentration. 
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In Fig. 2.1, the filled symbols stand for an amorphous structure and the dotted 
symbols for a nanocrystalline structure of the films, as determined by transmission 
electron microscopy (discussed in section 2.3.1). No such analysis was performed where 
open symbols are used. In the films deposited from the two Ti-rich targets, the nitrogen 
concentration increases initially steeply with the N2 partial flow rate. A limitation of 
around 50 at.% is reached with a 4% nitrogen partial flow rate. With the Si-rich TiSi2 
target, a lower nitrogen concentration is achieved for the same nitrogen partial flow rate: 
50 at.% is not reached at a nitrogen flow rate as high as 8%, and no sign of a saturation in 
the nitrogen content of the film is observed till that point. 
The ternary composition of the films, as derived from their backscattering spectra, 
is reported in the phase diagram of Fig. 2.3a, using the symbols defined in the caption of 
Fig. 2.1. This phase diagram, suggested by Beyer et al. [1] and valid at 1000 °C, is a 
simplified version that does not show the existence range of the phases. A version that 
includes the non-stoichiometry and solubility of various phases of this diagram is 
reported by Sambasivan and Petuskey (Fig. 2.3b) [2]. Another ternary phase diagram by 
Rog! et al. (Fig. 2.3c) [3], based on experimental results and supported by recent 
calculations [4], shows a tie-line between Si3N4-TiSi2 instead of Si-TiN. Their diagram 
also differs from that of Fig. 2.3b in the existence ranges of TiN with the Si3N4 and with 
the titanium silicide phases. 
As can be seen from Fig. 2.3a, the Ti to Si ratio in these films is always close to 
that of the targets, because the compositions fall close to the straight dashed lines 
connecting N with the respective target phase. Previous studies of ternary thin films 
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deposited by reactive or non-reactive sputtering of TM-Si (TM=Ta, Mo, or W) targets 
reveal that the films are usually more metal-rich than the target [5,6]. The excess in metal 
content of the films decreases with increasing Si or N content in the film. This effect is 
not observed in the Ti-Si-N films. 
The preferential sputtering of a compound target by ion bombardment is well 
known. The subject is summarized and discussed by, for example, G. Betz and G. K. 
Wehner [7]. A preferential sputtering process at the target does not affect the 
composition ratio of the emitted atoms, and hence that of the deposited film, as long as 
the target is sufficiently presputtered and a steady-state concentration is established at the 
target surface, assuming that the sticking coefficients of all species to the substrate are 
equal. However, a preferential re-emission can also take place at the substrate, or the 
surface of the growing film. This process enhances the fraction of heavy elements, or 
elements with higher binding energy, in the film. Titanium and silicon have atomic 
weights (47.90 and 28.09) that do not differ enough to cause a significant preferential 
enrichment of one of them in the film. The absence of this effect is an advantage in 
practice. 
The uptake of nitrogen levels off for both Ti-rich film types as the nitrogen 
concentration reaches about 50 at.% (Fig. 2.1). This saturation occurs as the overall film 
composition nears the TiN-Si3N4 tie-line and is in accord with the behavior expected 
from the phase diagram (Fig. 2.3a). One would correspondingly predict a similar effect 
for the Si-rich films if their nitrogen content were to approach 60 at.%. A very similar 
saturation is observed for TM-Si-N (TM=Ta, W, Mo) and W-B-N films [6,8]. 
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The loss of nitrogen or the gain of oxygen was roughly monitored by comparing 
the signal heights of the Ti in the film relative to that of the Si in the oxidized substrate, 
before and after one hour of annealing in vacuum at 900 cc. The drawback of this 
method is that it cannot distinguish between nitrogen loss and oxygen gain. A direct 
composition evaluation was also conducted with samples on graphite substrates. Unlike 
the Mo- and W-based ternary films (Mo-Si-N, W-Si-N and W-B-N) [6,8], no release of 
nitrogen or uptake of oxygen is detected in all Ti-Si-N films listed in Table 2.1 after 
vacuum annealing up to 900 cc for an hour, with both methods. 
The composition and other information of some films selected for detailed 
analysis are listed in Table 2.1. Films with less than 20 at.% of nitrogen are absent in the 
table and the following figures. The practical difficulty of controlling small partial 
nitrogen flow rate in our deposition system prevents us from controllably synthesizing 
such films. 
2.3 Microstructure 
2.3.1 Planar structure and crystallization 
a. TiSi2 target 
Figure 2.4 shows high-resolution transmission electron micrographs of three as-
deposited films derived from the TiSi2 target with different nitrogen content, namely, 
Ti34Si66 (al), Ti24Si49N27 (a2), and Ti 19Si40N41 (a3). The images indicate an amorphous 
structure of the films. The weak and broad rings in the diffraction patterns further 
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evidence that fact. No peak indicative of a crystalline microstructure appears in the x-ray 
diffraction spectra of these films. 
The films were annealed for an hour in vacuum from 400 to 1000 °C at 100 °C 
intervals, using a virgin film for each temperature. Their crystallization temperatures and 
products were determined by x-ray diffractometry. The films of Ti34Si66 (al) and 
Ti24Si49N27 (a2) crystallize at 500 and 1000 °C, respectively. The TiSi2 phase (ZrSi2 
structure type) [9] and the TiN and Si phases can be identified from the x-ray diffraction 
spectra. 
The x-ray spectra of the as-deposited and annealed samples of Ti 19Si40N41 (a3) are 
shown in Fig. 2.5. No Bragg peak is visible, until the temperature is raised to 1000 °C, 
where TiN peaks emerge. This annealed film is brown in color, which resembles that of a 
reactively sputtered TiN film with a high oxygen level or a low density [10]. 
Figure 2.6 compares the bright-field images of Ti 19Si40N41 (a3) films as-deposited 
and annealed at 800 °C for one hour. A transmission electron microscopy specimen of an 
annealed film was obtained by depositing the film on an oxidized Si substrate, and 
etching from the back side with an HF/HN03 solution after the heat treatment until a tiny 
hole was formed on the film. In contrast to the amorphous structure of the as-deposited 
film, the annealed film contains nanocrystalline grains of sizes up to 5 nm. TiN is 
identified from the electron diffraction pattern. These nano-sized grains are not detected 
by x-ray diffraction (see Fig. 2.5). By the composition of the film, the phases of Si and 
Si3N4 are also expected at equilibrium. They are not observed, most probably because Si 
and N still form an amorphous phase. 
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b. Ti5Si3 target 
High-resolution transmission electron microscopy was performed on as-deposited 
films with three different nitrogen contents (Fig. 2.7). The micrographs of Ti62Si38 (bl) 
and Ti47Si30N23 (b2) display an image of randomly scattered intensities at the atomic-
scale, which is characteristic of a disordered structure. The electron diffraction patterns 
show two board rings in both cases. In conclusion, both films are amorphous. 
The micrograph of the Ti34Si23N43 (b3) film reveals lattice fringes of several 
periods, randomly oriented and embedded in an apparent amorphous matrix. Rings can 
be discerned in the electron diffraction pattern that match the NaCl structure type of TiN. 
A bright-field and dark-field pair of the same as-deposited film is shown in Fig. 2.8. 
They again demonstrate a nanocrystalline structure. The grain size measured from the 
dark-field micrograph is 3 nm or less. 
The bonding characteristic of the as-deposited Ti34Si23N43 (b3) film was also 
investigated by x-ray photoelectron spectroscopy. The sample used consists of a 5 nm 
film on a Si substrate pre-cleaned in HF. The spectrum is calibrated with the C 1 s line at 
284.6 eV which corresponds to the C-C bond [11]. 
The line shape of the N 1 s transition consists of two contributions (Fig. 2.9). A 
major one amounts to 80% of the signal. The electron binding energy of the signal 
maximum at 396.7 eV lies close to that reported for TiN (396.7-397.4 eV) [12-16]. The 
minor peak at 398.3 eV can be attributed to a SiNx-like bonding. The electron binding 
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energy of sputtered amorphous SiNx was reported at 397.8 eV when x=0.91 and at 398.3 
eV when x=l.33 [17]. 
The Ti 2p signal consists of two doublet peaks. One pair is at 455.8 and 458.5 eV 
and attributable to the Ti 2p112 line. The other pair is at 461.6 and 464.0 eV and 
attributable to the 2p312 line. Among the four sub-climaxes, the ones at 458.5 and 464.0 
eV match the electron binding energy in TiN [12], the others correspond to Ti02 bonds of 
rutile [12]. 
The above spectra identify the presence of bonding characteristics of TiN, Ti02 
and SiNx. The rutile signal most probably emanates from a surface oxide of Ti formed 
during sample transfer from the deposition system to the XPS chamber. These results 
combined with the structural information from the micrographs suggest that the 
Ti34Si23N43 (b3) film is phase-separated into nanocrystalline TiN and amorphous SiNx. 
The microstructure of a film with the same composition and deposited under the 
same conditions has been reported previously [18]. Other studies by x-ray spectrography, 
extended energy-loss fine structure (EXELFS), transmission electron microscopy and x-
ray photoelectron spectroscopy of similar films have identified the presence of 
nanocrystalline TiN and amorphous Si3N4 phases [19-21]. Our results are consistent with 
those described there. When examined by x-ray diffraction with glancing-angle Cu Ka 
radiation on a Read-camera, or with Co Ka radiation and an Inel position-sensitive semi-
ring detector, the b3 film (100 nm thick) shows no characteristic peaks or lines on either 
the photographic film or the spectrum. 
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By x-ray diffraction, the film Ti62Si38 (b 1) crystallizes into the Ti5Si3 phase after 1 
hour of annealing at 700 °C or above, and the films of Ti47Si30N23 (b2) and Ti34Si23N43 
(b3) crystallize at or above 900 and 1000 °C respectively. The diffraction spectra suggest 
the formation of TiN and TiSi in the former and TiN in the latter (see Table 2.1). The 
color of the Ti34Si23N43 (b3) film changes from dark gray to brown after annealing at 
1000 °C. 
c. Ti3Si target 
Figure 2.10 presents the 12°-glancing angle x-ray diffraction spectra of three as-
deposited films, Ti76Si24 (cl), Ti50Si 17N33 (c2) and Ti35Si 13N52 (c3), sputtered from the 
Ti3Si target. The spectra of Ti76Si24 (cl) and Ti50Si 17N33 (c2) contain only broad peaks. 
On the other hand, two sharp peaks are clearly discerned in the spectrum of Ti35Si 13N 52 
(c3). The width of these peaks implies that the grains are about 10 nm in size. These two 
peaks can be ascribed to diffraction from the (111) and (220) lattice planes of TiN. 
The microstructure of these films is illustrated by the bright-field micrographs and 
the electron diffraction patterns shown in Fig. 2.11. Note that the magnification of this 
figure is 16 times less than in Fig. 2.4 and 2.7. The nitrogen-free film Ti76Si24 (cl) is 
amorphous. The Ti50Si 17N33 (c2) and Ti35Si13N52 (c3) films are crystalline with grain 
sizes up to 5 and 10 nm, respectively. The TiN phase is again identified from the 
diffraction patterns. For a one hour annealing duration, the Ti76Si24 (cl) crystallizes at 
500 °C or above. X-ray diffraction reveals the phase Ti3Si [22], as expected from its 
composition. 
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The as-deposited Ti35Si13N52 (c3) film was also analyzed with theta-twotheta x-
ray diffractometry. Other than the Si (111) peak from the substrate, only the (111) and 
(222) peaks of TiN are seen in the spectrum (Fig. 2.12). Presumably, the film also 
contains an amorphous phase of mostly Si and N that is not detected. 
2.3.2 Film texture and grain orientation 
Recognizing that the texture of the films may affect the performance of a 
diffusion barrier, we have analyzed the Ti34Si23N43 (b3) and the Ti35Si13N52 (c3) films by 
cross-sectional transmission electron microscopy. 
Three films, Ti53N47, Ti34Si23N43 (b3), and Ti35Si 13N52 (c3), are subsequently 
deposited on a 6H-SiC substrate. A cross-sectional transmission electron microscopy 
specimen was obtained by thinning a couple of sample slices, glued together face to face, 
using sandpaper and diamond paste. Afterwards, the specimen was dimpled until a tiny 
hole was formed close to the interface. It was then treated by glancing-angle ion milling, 
until the interface becomes transparent under the electron microscope. A SiC substrate 
was chosen as its hardness better matches that of TiN and Ti-Si-N than Si does, which 
lessens the preferential etching of the substrate by ion milling. 
Fig. 2.13 presents a bright and dark-field pair of cross-sectional transmission 
electron micrographs of the layers (substrate not shown) taken at a 160 k magnification 
with a 20 µm objective aperture. The bottom layer is about 200 nm thick, and the two top 
layers are 100 nm each. Although the Ti34Si23N43 (b3) film is nanocrystalline (see Fig. 
2. 7), the grains are not revealed in Fig. 2.13 taken under the above-specified conditions, 
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most likely due to the higher thickness of the sample as compared to the plan-view one 
(Fig. 2.7). The micrograph shows that the film is homogeneous without detectable 
preferred orientations. Conversely, the Ti35Si13N52 (c3) film possesses a highly columnar 
grain structure. The Ti53N47 films preferably grows perpendicular to the surface, but to a 
lesser degree than the Ti35Si13N52 (c3) film. The lateral grain size is larger than that of 
the Ti35Si13N52 (c3) film. 
Fig. 2.14 (top) shows a diffraction pattern of the trilayer with a 0.5 µm selective 
area diffraction aperture and a parallel beam. The pattern matches NaCl type TiN. The 
rings display a symmetrical angular contrast, especially clear on the (200) and (220) 
rings. The aperture used is the smallest one available on our microscope, so that a 
selective area diffraction pattern of the individual layers cannot be obtained. However, 
diffraction patterns were taken with the beam focused on a single layer. That of the 
Ti34Si23N43 (b3) layer as shown in Fig. 2.14 (bottom) is basically continuous, indicating 
no obvious preferred orientation of the film. Those of the other two layers (not shown) 
include clearly oriented spots, which reflects a selective orientation of the columnar 
grains. 
Fig. 2.15 (top) shows a diffraction pattern taken on a separate cross-sectional 
sample (micrograph not shown) of a single layer of Ti35Si13N52 (c3) on an oxidized Si 
substrate. The pattern consists of broken parts of the TiN (111) and (200) rings. The 
arrangement of the heavily contrasted dots closely resemble the standard pattern for the 
<110> zone axis of a fee crystal [23] (Fig. 2.15, bottom): both the distance ratio of the 
diffraction spots from the central spot of the transmission beam and the angles between 
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them agree with that pattern. This electron diffraction pattern is consistent with the theta-
twotheta x-ray result of Fig. 2.12 which indicates that the grains have a <111> preferred 
orientation perpendicular to the substrate. 
2.3.3 Discussion 
Several cases were described in section 2.3 .1 where a film appears amorphous by 
x-ray diffraction, while its transmission electron micrograph reveals a nanocrystalline 
structure and sharp rings appear in the electron diffraction pattern (e.g., Fig. 2.5 and 2.6). 
As a consequence, the crystallization temperature inferred from x-ray diffraction can 
exceed that deduced from transmission electron microscopy by as much as 200 °C, as for 
the film of Ti19Si40N41 (a3). More significantly, the micrograph of the Ti34Si23N43 (b3) 
film reveals a nanocrystalline structure of the film already in the as-deposited stage, 
whereas its crystalline structure is not discerned by x-ray diffractometry until after a 1000 
°C-heat treatment. High resolution transmission electron microscopy and electron 
diffractometry analysis become essential in such instances. A similar case is described in 
ref. 18 for a Ta36Si 14N50 film deposited from a Ta5Si3 target. 
Although the phase diagrams of Fig. 2.3 represent phase equilibria at 1000 °C, it 
serves well as a basis for discussion of the as-deposited films. In agreement with it, 
crystalline TiN phase is detected by transmission electron microscopy in the most 
titanium- and nitrogen-rich films. The nitrogen saturation at around 50 at.% in the films 
sputtered from the Ti3Si and Ti5Si3 targets is clearly related to the presence of a tie-line 
between TiN and Si3N4• 
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When the amorphous films crystallize at 900 or 1000 °C, the phases detected by 
x-ray diffractometry are polycrystalline Si in Ti24Si49N27 (a2) and TiSi in Ti47Si30N23 
(b2), plus TiN in both. These phases are those one would expect from the diagram of Fig. 
3a and 3b. Thus we further consider these diagrams. 
Results in the previous section reveal that the NaCl-type TiN (or Ti1_xNx) phase 
exerts a dominant presence in the reactively sputtered Ti-Si-N films. This phase has a 
wide existence range from x=0.32 to x=0.55 [2]. According to Fig. 2.3b, it coexists with 
Si, TiSi2 and TiSi only near the stoichiometric concentration where x=0.50. On the 
titanium-rich side, Ti1_xNx forms a significant two phase area with the nitrogen-stabilized 
Ti5Si3NY phase. On the nitrogen-rich side, Ti 1_xNx equilibrates with Si3N4 over only a 
narrow composition range. All the ternary compositions we studied belong to 
equilibrium triangles with stoichiometric phases and near-stoichiometric TiN as vertexes. 
That being so, the phase diagram of Fig. 3a should constitute an acceptable simplification 
for the present study, and is therefore referred to in the following discussion. 
The metal-to-silicon ratio of the films is close to that of the targets so that the 
compositions are all located near the straight lines connecting nitrogen with the 
corresponding titanium silicides (Fig. 2.3a). These lines intersect with the tie-line 
between TiN and Si (p line) at nitrogen concentrations of about 25 at.% for TiSi2 and 
near 40 at.% for Ti5Si3 and Ti3Si. Above these concentrations, Si3N4 equilibrates the two 
phases TiN and Si, and Si and titanium silicides below them. 
Pure reactively sputtered films of TiN usually grow in polycrystalline form. The 
crystalline TiN phase also appears in the as-deposited Ti34Si23N43 (b3), Ti50Si17N33 (c2), 
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and Ti35Si13N52 (c3) films, with reduced grain size. It can thus be concluded that films 
with a composition in the vicinity of TiN favor this structure. Conversely, sputtered films 
of the terminal phases Si3N4, Si, or titanium silicides are usually amorphous. We 
correspondingly find that the as-deposited films are amorphous when their composition 
places them in the vicinity of these phases. In the films where the crystalline TiN phase 
is detected, an amorphous phase with Si and N as major constituents coexists, as 
confirmed by the x-ray photoelectron spectroscopy result. A separate study by T. Iijima 
et al. [18] has also identified the Si3N4 phase in a similar film with the same method. For 
a nitrogen-rich film (Ti29Si22N49), a study of the extended fine structure on the K-Si edge 
has also revealed a Si-N bonding close to that in amorphous Si3N4 [18]. In total, the 
available facts convincingly evidence that the microstructure of the as-deposited films is 
related to the position of their atomic composition in the ternary phase diagram. One can 
infer from the above results that at the atomic scale, the structure and bonding of these 
films bear close resemblance to the equilibrium phases of the respective three phase field. 
Resistivity results discussed in section 2.5 further evidenced the statement. 
The film texture analysis by cross-sectional transmission electron microscopy 
establishes that a Si to Ti (or SiNx to TiN) ratio exceeding 1 :3 is required in the Ti-Si-N 
films to avoid a columnar structure which is undesirable for a diffusion barrier. 
2.4 Atomic density 
The atomic density of the films versus the nitrogen concentration is plotted in Fig. 
2.16 for the three targets. The density was derived by dividing the areal atomic density of 
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the films extracted from their backscattering spectra by the measured film thickness. The 
error of the data is within 10%. The atomic densities of some silicides phases are marked 
on the right axis. The non-reactively sputtered films of Ti34Si66 (al) and Ti62Si38 (bl), 
obtained from the TiSi2 and the Ti5Si3 targets, both have the atomic density of 6.3x1022 
cm-3, which is 7% and 2% less than their bulk values of 6.94x 1022 cm-3 (TiSi2) and 
6.43xl022 cm-3 (Ti5Si3) [24]. The Ti76Si24 {cl) film sputtered from the Ti3Si target has a 
lower density of 6.0x 1022 cm-3. The bulk density of that phase is 6.04x 1022 cm-3, as 
derived from the crystal structure of Ti3Si reported in ref. 22. For a common nitrogen 
concentration, the Si-rich films reactively sputtered from the TiSi2 target always have 
higher densities than the Ti-rich films deposited with the Ti5Si3 or the Ti3Si target, except 
when the nitrogen concentration is low. The films of Ti19Si40N41 (a3), Ti34Si23N43 (b3), 
and the Ti35Si13N52 (c3) are 10.2, 8.9 and 8.9 x10
22 /cm3 respectively in atomic density. 
No change in areal density is observed in these films by backscattering spectrometry after 
an hour annealing at 900 °C. 
When they exist, amorphous phases usually have lower densities than their 
crystalline counterparts. The amorphous nitrogen-free silicides we have synthesized 
conform to this rule (Fig. 2.16). Of the terminal crystalline phases in the ternary Ti-Si-N 
phase diagram, TiN has the highest atomic density by virtue of its densely packed 
interstitial structure. Over its existence range of 0.32~x~0.55, Ti1_xNx has an atomic 
density that ranges from 7.6 to 10.5x1022 cm-3, and is l0.5xl022 cm-3 at exact 
stoichiometry. These values are derived from the lattice constant data in ref. 25, 
assuming that deviation from stoichiometry is caused by the deficiency of nitrogen or 
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titamium atoms in the cell. The density of the bulk a-Si3N4 phase is 9.5x10
22 cm-3 [24]. 
That of its amorphous modification is several percent less than that (8.4-9.3 x1022 cm-3) at 
exact stoichiometry and up to 20% less (7.4 x1022 cm-3) when the composition departs 
from stoichiometry_ The above quoted atomic densities of Si3N4 were derived from 
weight densities of chemical vapor deposited films listed in ref. 26. The terminal 
titanium silicide phases, on the other hand, have the lowest atomic densities (Fig. 2.16). 
A simple linear interpolation from the densities of the terminal phases would thus predict 
a monotonic increase of the atomic density with increasing nitrogen content, which is 
indeed observed in Fig. 2.16. Such a simple idea does not quantitatively explain the 
facts, though, as the measured atomic density of the film Ti19Si40N41 (a3) exceeds those 
of Ti34Si23N43 (b3) and amorphous Si3N4, and is close to the upper limit for TiN, while it 
is located further from the TiN and closer to the Si3N4 phase in the ternary phase diagram 
(see Fig. 2.3 and 2.16). Such data may point towards the existence of composition 
regions where a dense amorphous clustering of the three atomic species can be 
accomplished particularly efficiently. 
2.5 Room temperature resistivity 
2.5.1 General results 
The resistivity of the films before and after 1 hour vacuum annealing at 700 °C is 
plotted in Fig. 2.17 and also reported in Table 2.1. The error of the measurement is 
estimated to be about 10%. The resistivity of the films rises monotonically with the 
nitrogen content for all three targets regardless of annealing, and decreases with 
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increasing Ti/Si ratio at all nitrogen concentrations. The higher resistivity of the two as-
deposited nitrogen-free silicides, Ti34Si66 (al) and Ti62Si38 (bl), over that of the 
crystalline bulk phases [27,28] (Table 2.1) can be attributed to the amorphous structure of 
the films. We were unable to find the resistivity of the bulk Ti3Si phase in literature. The 
effect of nitrogen incorporation on the resistivity increase is least pronounced for the 
Ti3Si-derived films and strongest for the TiSiroriginating films. The resistivity of these 
films also rises very steeply with the nitrogen concentration as it approaches 50 at.%. For 
example, the as-deposited Ti17Si35N48 film has a resistivity of 40 mncm, which is ten 
times higher than that of the Ti 19Si40N41 (a3) film (4.2 mncm), although the nitrogen 
concentration in the films differs only by 7 at.%. 
It is revealing to compare the plots of resistivity versus nitrogen content of the 
films (Fig. 2.17) with their overall composition reflected by their location in the ternary 
phase diagram of Fig. 2.3a. Figure 2.17 actually shows how the resistivity rises (before 
and after 1 hour annealing at 700 °C) along the dashed lines connecting the silicide phase 
of the target with the nitrogen at the apex in Fig. 2.3a. Several trends are recognizable: 
- The films derived from the Ti3Si and Ti5Si3 targets that fall below or close to the TiN-
TiSi2 tie-line (labeled y) all have resistivities below 300 µncm. Their resistivity rises 
weakly with nitrogen content. The equilibrium phases that correspond to their 
compositions are all metallic. 
- As the film composition crosses the tie-line between TiN and Si (13-line), the resistivity 
rise of the films accelerates with nitrogen content. These crossings are indicated in Fig. 
2.17 by the nitrogen concentration limits labeled 13. The equilibrium phases that 
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correspond to compositions beyond the f3-line have one metallic phase (TiN) and two 
semiconducting phases (Si and Si3N4) . 
- The resistivity of the films obtained from the TiSi2 target whose compositions remain 
below the f3-line (< 25 at.% nitrogen) rises more rapidly with nitrogen content than that of 
the other films (Fig. 2.17). The equilibrium phases corresponding to these compositions 
include a semiconductor (Si) and two metallic phases. 
- When the composition of the TiSirderived films nears the TiN-Si3N4 tie-line (labeled 
a) in the ternary phase diagram, the resistivity rises with nitrogen even more steeply than 
before. The dominant equilibrium phase that corresponds to these compositions is Si3N4, 
which is an insulating wide-band-gap semiconductor. 
Although the trends elucidated here are only approximately fulfilled, the overall 
correlation between the resistivity of a film in Fig. 2.17 and its compositional position in 
the ternary phase diagram in Fig. 2.3a is clearly real. Such a correlation would not be a 
surprise for crystalline films but it is non-obvious for amorphous films. That a 
macroscopic parameter of an amorphous film such as its resistivity can be meaningfully 
related to its composition in an equilibrium phase diagram can only mean that at the 
atomic scale, the sputtered Ti-Si-N films have a bonding character that replicates at least 
approximately those of the equilibrium phases. 
2.5.2 Effect of annealing 
Upon one hour vacuum annealing at 700 °C, the resistivity of all films decreases, 
with the exception of those that are Si-rich and have more than about 30 at.% nitrogen 
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(above the ~ tie-line in Fig. 2.3a). For instance, resistivity of the Ti34Si23N43 (b3) from 
the Ti5Si3 target decreases from its as-deposited value of 660 µOcm to 410 µOcm after 
the heat treatment. A decrease of the resistivity upon annealing is common for sputter-
deposited conducting films. The effect is usually ascribed to a relaxation of the atomic 
disorder in amorphous materials, or of the intergranular strain in crystalline films and the 
effect of grain growth. 
The rise in the resistivity of the Si-rich films with more than 30 at.% nitrogen is a 
phenomenon that is plausibly associated with the formation, segregation and 
redistribution of a SiNx-like structure and bonding, since SiNx is the only high-resistivity 
phase in the ternary system. The increase in resistivity of films from a TiSi2 target with a 
high nitrogen concentration is very significant. The Ti 19Si40N41 (a3) film has an as-
deposited resistivity of 4.2 mOcm, and it rises to 24 mOcm following the annealing. 
Another relevant observation one can extract from Fig. 2.17 is that a film derived 
from the TiSi2 target with about 30 at.% nitrogen concentration has a resistivity that 
remains unchanged upon annealing. The resistivity of films from the Ti3Si target with 
about 50 at.% of nitrogen also changes little with annealing. Such a characteristic is 
desirable for thin films resistor applications. 
The resistivity of three films, Ti24Si49N27 (a2), Ti 19Si40N41 (a3), and Ti34Si23N43 
(b3), as-deposited and after annealing from 500 to 1000 °C for an hour are plotted with 
respect to temperature in Fig. 2.18. The as-deposited films of Ti24Si49N27 (a2), 
Ti 19Si40N41 (a3) from the TiSi2 target are amorphous, and that of Ti34Si23N43 (b3) from 
the Ti5Si3 target is nanocrystalline. All three films have an x-ray crystallization 
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temperature of 1000 °C. Their resistivity change with temperature differs radically. The 
resistivity of the Si-rich films Ti24Si49N27 (a2) and Ti 19Si40N41 (a3) decreases slightly at 
first, reaching a minimum respectively at 800 and 500 °C, and rises abruptly afterwards, 
while that of the Ti-rich film Ti34Si23N43 (b3) drops monotonically with annealing 
temperature. 
The above observations are tentatively explained here by correlating the resistivity 
to the microstructure of the films. We concentrate our discussions on the nitrogen-rich 
films of Ti 19Si40N41 (a3) and Ti34Si23N43 (b3). The as-deposited and low-temperature-
annealed films of Ti 19Si40N41 (a3) have an amorphous structure. The bonding between 
the atoms is presumably partially metallic. At higher temperatures, the film partially 
crystallizes into the TiN phase. For simplicity, we model the films macroscopically as 
conductive cubes, orderly arranged, and embedded in a matrix of insulating material, as 
illustrated by Fig. 2.19. Such a structure is generally insulating and its resistivity does 
not change with the grain dimension when the ratio a to b is fixed. However, if the 
insulating gap b is sufficiently small, tunneling of electrons across the insulating gap b 
becomes important. For electron tunneling, the resistivity of an insulator slab increases 
exponentially with b [29], resulting in a sharp rise of the overall resistivity with the 
annealing temperature as the grains grow. Although this model over-simplifies the 
situation, it gives a possible qualitative explanation for the resistivity increase upon heat 
treatment. 
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In the Ti34Si23N43 (b3) film, TiN is a dominant phase and presumably percolates 
through the insulating phase, making the overall structure conductive. Further discussion 
is given in section 2.6. 
2.6 Temperature dependence of resistivity 
2.6.1 Measurement procedures 
For comparison, a TiN film is also included in this investigation. A TiN film with 
the composition Ti53N47 was deposited on thermally oxidized silicon substrate by 
reactively sputtering a 3-inch-diameter Ti target in an Ar/N2 discharge. A forward power 
of 550 W and a substrate bias of -60 V were applied. The thickness of the films was 
measured by a Dektak profilometer on samples that had been patterned 
photolithographically for lift-off to provide a sequence of sharp steps for the 
measurements. The estimated error from the thickness variation caused by deposition 
and the resolution of the equipment is about 10%. 
The sheet resistance measurement from 50 °C to 800 °C was performed in a 
vacuum better than 1x10-6 Torr with a four-point-probe made of gold-coated stainless 
steel. The sample was placed on a hot copper stage heated resistively and the temperate 
was regulated by a thermal controller. Measurement below ambient temperature was 
done in a vacuum of mTorr using the same type of probes as for the high-temperature 
tests. The sample stage was first cooled down to liquid nitrogen temperature and then left 
to warm up on its own accord. The measurement was performed during that warming up 
period, which takes 3 to 4 hours. 
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2.6.2 Results 
Figures 2.20 and 2.21 show the resistivity versus temperature from 80 K to 1073 
K for Ti53N47, and to 873 K for Ti34Si23N43 (b3). Two runs were performed on each 
sample above room temperature. The data obtained for the two runs differ by at most 2% 
in all cases. This agreement ensures that if changes were induced in the films by the heat 
treatment, they remained insignificant for the present measurements for both types of 
films. 
The resistivity of as-deposited Ti53N47 starts from about 41 µQcm at 80 K, rising 
linearly to about 51 µQcm at around 300 K. It increases further up to a faint maximum of 
64 µQcm at between 700 to 800 K, beyond which it falls very slightly to about 62 µQcm. 
The above results show that this film is metal-like. 
The as-deposited Ti34Si23N43 (b3) film shows a quite different temperature 
behavior (Fig. 2.21 , top). The resistivity decreases monotonically with increasing 
temperature from 670 µQcm at 80 K to 570 µQcm at 873 K. At room temperature, the 
resistivity of the film is about 635 µQcm, which is an order of magnitude larger than that 
ofTi53N47. 
We have also performed the measurement on a Ti34Si23N43 (b3) films from 80 to 
1073 K after it is annealed at 1000 °C for an hour. The result is shown in Fig. 2.21 
(bottom). The shape of the curves now looks similar to that of the as-deposited TiN. The 
resistivity of annealed Ti34Si23N43 (b3) increases with temperature until it reaches a 
maximum (~290 µQcm) at around 823 K, 1.9 % higher than that at 80 K (~150 µQcm). 
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2.6.3 Discussion 
The electric conductance of TiN films at room temperature or below is well 
documented and summarized by J.-E. Sundgren in a review paper [30]. The room 
temperature resistivity is variously quoted as ranging from 18 to hundreds of µOcm. The 
resistivity is known to sensitively depend on the composition of film. The minimum 
usually occurs at exact stoichiometry. The resistivity value is also affected by other film 
properties like impurity level (especially oxygen), grain size, and defects. These are also 
the crucial factors that determine the temperature dependence of resistivity, as voids and 
impurities are both effective scattering centers. A linear relationship between the 
resistivity and temperature is usually observed from liquid nitrogen to room temperature. 
Temperature coefficients of resistivity that vary from negative to plus a few thousands 
ppmK-1 have been reported [31-36], but the coefficient is usually 1000 to 2000 ppmK-1 at 
stoichiometry. The temperature coefficient of resistivity derived from our measured data 
is 880 ppmK-1 at 300 K. 
The electrical properties of Ti-Si-N films deposited in a triode sputtering system 
have been reported from 70 K to 470 K by W. Posadowski, who considers the material 
for application as thin film resistors [37]. The TiN to SiNx ratio in those films was 
estimated from x-ray spectrography. Posadowski reports that films with less than 80% of 
TiN behave "dielectrically", and follow a In p =AT112 relationship. This "dielectric" 
behavior was observed and modeled before in granular metal thin films [29] where 
nanometer-sized metallic particles are isolated by insulating materials and current 
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transport is only possible by tunneling of the charge carriers between isolated metal 
particles. We know that at the atomic level our Ti34Si23N43 (b3) film is compositionally 
nonuniform with nanocrystalline regions of TiN embedded in an amorphous matrix of 
principally SiNx bonded atoms. It is likely that the TiN grains percolate through the SiNx 
phase at most places, giving rise to its low resistivity despite the existence of the 
insulating SiNx phase. On the other hand, tunneling could play an important role in as-
deposited Ti34Si23N43 (b3), as its resistivity curve manifests. After one hour heat 
treatment at 1000 °C, Bragg peaks appear in x-ray diffraction, which reflects a 
redistribution and growth of the crystalline islands. Plausibly, the conductive crystallites 
now percolate through the amorphous insulator. Tunneling is no longer an important 
mechanism and thus can be ignored. The resistivity curve thus manifests the 
characteristic of the metallic TiN phase. 
2. 7 Reactive ion etching 
Reactive ion etching of the Ti34Si23N43 (b3) film was investigated by G.F. 
McLane at the Army Research Office using a CF4/02 gas mixture [38]. The etch depth is 
found proportional to the etching duration without initial delay (Fig. 2.22). Fig. 2.23 
shows the etch rate verses oxygen partial flow rate at 40 seem total flow, 80 mTorr 
pressure and 140 W cathode power. The plasma etches most efficiently at 20% 0 2, 
resulting in a rate of about 10 nm per minute. Adding 0 2 to CF 4 initially releases F atoms 
by forming molecules such as C02, CO, and COF2, but excess 0 2 dilutes the 
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concentration of etching species and finally causes a reduction in the etching rate at a 
fixed total flow. 
The etch rate peaks at 140 mTorr gas pressure. In a plasma, the cathode voltage 
and ion bombardment energy decrease with increasing gas pressure. This effect causes a 
drop in the etch rate at higher pressure. The etch rate is essentially independent of 
cathode power over the range 90-190 W. 
A depletion in Si and N is detected in the surface region of the etched sample. In 
contrast, no preferential etching is observed in the Ta36Si 14N50 film with the same plasma 
[39]. These results reflect the nonvolatility of Ti-fluoride and the moderate volatility of 
Ta-fluoride. Also, the etch rate of Ti34Si23N43 (b3) is lower than that of Ta36Si14N50• 
2.8 Conclusion 
The as-deposited films of Ti-Si-N have either an amorphous or a nanocrystalline 
plan-view structure. The fine-scale structure is beyond the resolution of x-ray 
diffractometry and must be monitored by transmission electron microscopy and electron 
diffraction. A mixed structure of crystalline TiN and amorphous SiNx is proposed for 
some nitrogen-rich films. After thermal treatment, the film composition and density 
remain unchanged. 
We find, furthermore, that in the nitrogen-rich films, the grain structure is strongly 
affected by the Si concentration. With about 10-15 at.% of Si in the films, the crystal size 
of TiN is reduced to 10 nm or less, but the grains remain highly columnar, and <111> 
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oriented, as they typically are in TiN films. When the Si content is increased to 20-25 
at.%, the grain size is further reduced to 3 nm or less, and the film becomes texture less. 
The correlation between the resistivity of a film and its compositional position in 
the ternary phase diagram, evident even for amorphous films, indicates that at the atomic 
scale, the spatial arrangement of atoms in Ti-Si-N films and their bonding character must 
replicate approximately those of the terminal equilibrium phases. 
Electrical measurement from 80 K to I 073 K shows that TiN is metallic. The as-
deposited Ti34Si23N43 (b3) films possess a resistivity that decreases with temperature. 
Possibly the current is conducted by tunneling of the electrons between isolated islands. 
After annealing for I hour at I 000 °C, the Ti34Si23N43 (b3) film shows a metallic behavior 
similar to TiN. We postulate that in the b3 film, TiN grains percolate through the 
amorphous SiNx matrix, and thus establish metallic conduction. 
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FIG. 2.1. Percentage concentration of N atoms in the films reactively sputtered from 
TiSi2, Ti5Si3, or Ti3Si target, with respect to the nitrogen partial flow rate. The filled 
symbols represents an amorphous structure and the dotted symbols, a nanocrystalline 
structure of the films, as determined by transmission electron microscopy (see Fig. 2.3). 
No such analysis was performed where open symbols are used. 
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FIG. 2.2. 2.0 MeV 4He2+ backscattering spectrum of -140 run Ti34Si23N43 film on 










FIG. 2.3. Simplified (a) and complete (b) Ti-Si-N phase diagrams in the 700 to 1000 °C 
temperature range (replotted from ref. 1 and 2). Compositions of the films are marked 
with symbols as defined in the caption of Fig. 2.1. Another version from ref. 3 is also 
plotted (c). 
FIG. 2.4. High-resolution transmission electron micrographs(plan-view) of as-deposited Ti34Si66 (al), Ti24Si49N27 (a2), and Ti19Si40N41 
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FIG. 2.5. 12°-glancing angle x-ray diffraction spectra of the Ti19Si40N41 (a3) film as-
deposited and after 1 hour annealing at 800, 900 and 1000 °C, taken with Co Ka radiation 
(0.179 nm). 
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FIG. 2.6. Bright-field transmission electron micrographs of the Ti19Si40N41 (a3) film as-
deposited and after 1 hour annealing at 800 °C, with electron diffraction patterns. 
Compare with Fig. 2.5. 
FIG. 2.7. High-resolution transmission electron micrographs (plan-view) of as-deposited Ti62Si38 (bl), Ti47Si30N23 (b2), and 
Ti34Si23N43 (b3) films reactively sputtered from a Ti5Si3 target, with electron diffraction patterns. 
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FIG. 2.8. Bright and dark-field transmission electron micrographs (plan-view) of the as-
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FIG. 2.10. 12°-Glancing angle x-ray diffraction spectra of as-deposited Ti76Si24 (cl), 
Ti50Si 17N33 (c2), and Ti35Si13N52 (c3) films, taken with Co Ka radiation (0.179 nm). 
FIG. 2.11. Bright-field transmission electron micrographs (plan-view) of as-deposited Ti76Si24 (cl), Ti50Si17N33 (c2), and Ti35Si13N52 
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FIG. 2.12. Theta-twotheta x-ray diffraction spectrum ofTi35Si 13N52 (c3) film on oxidized 
Si substrate, taken with Cu Ka radiation (0.154 nm). 
FIG. 2.13. Cross-sectional transmission electron micrographs (bright-field and dark-field pair) of three layers of reactively sputtered 
TiN (bottom), Ti34Si23N43 (b3, center) and Ti35Si13N52 (c3, top) films on a 6H-SiC substrate. 
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FIG. 2.14. Diffraction pattern of the three layers shown in Fig. 2.13 with a 0.5 µm 
aperture and a parallel beam (top), and that of the Ti34Si23N43 (b3) layer with no aperture 
and a focused beam (bottom). 
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FIG. 2.15. Electron diffraction pattern of the Ti35Si 13N52 (c3) film (top) on oxidized Si 
substrate; and that of standard for the <11 O> zone axis of an fee lattice (bottom). 
55 



















0 0 30 
Ti Si -----z-o 
a3 
40 













FIG. 2.16. Atomic density of the Ti-Si-N films reactively sputtered from a TiSi2, a Ti5Si3, 
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FIG. 2.17. Resistivity of Ti-Si-N films reactively sputtered form a TiSi2, a Ti5Si3, or a 
Ti3Si target, as-deposited and annealed at 700 °C for an hour. The symbols used agree 
with those in Fig. 2.1. 
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FIG. 2.18. Resistivity of Ti34Si23N43 (b3), Ti24Si49N27 (a2), and Ti19Si40N41 (a3) films as-
deposited and after 1 hour annealing at a temperature ranging from 500 to 1000 °C. 
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FIG. 2.21. Resistivity of the as-deposited Ti34Si23N43 (b3) film from 80 to 873 K (top), I 
dem for a sample after 1 hour vacuum annealing at 1000 °C, from 80 to 1073 K (bottom). 
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FIG. 2.22. Ti34Si23N43 (b3) etch depth as a function of etch duration for 20 % 0 2:80 % 
CF4 gas composition, 40 seem total flow rate, 80 mTorr pressure, 140 W cathode power 
(circle), and 50% 0 2:50% CF4 gas composition, 40 seem total flow rate, 150 mTorr 
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FIG. 2.23. Ti34Si23N43 (b3) etch rate as a function of 0 2 addition to 0 2/CF 4 gas mixture, 
with 40 seem total flow rate, 80 mTorr pressure, 140 W cathode power. 
target composition deposition atomic density structure and phases resistivity 
rate 0022 /cm3) as-dep. phase, phases at crystallization (µQcm) 
(nm/min) as-dep. byTEM temp. (0 C), by x-ray as-dep. 700°C/lh 
TiSi2 Ti34Si66(al) 41 6.3 amorphous TiSi2 (500) 280 (17)** 200 
Ti24Si4~27(a2) 34 8.1 amorphous TiN+Si (1000) 1400 800 
Ti23Si45N32 33 8.7 2700 3500 
Ti 19Si4oN41 (a3) 28 10.2 amorphous TiN (1000) 4200 24,000 
Ti 17Si35N48 24 10.4 40,000 110,000 
Ti5Si3 Ti62Si38(b 1) 28 6.3 amorphous Ti5Si3 (700) 230 (55)** 110 
Ti47Si3oN23(b2) 19 7.7 amorphous TiN+ TiSi (900) 260 130 
Ti43Si26N31 19 8.1 350 160 
Ti34Si23N43(b3) 19 8.9 TiN (<3 nm) TiN (1000) 660 410 
Ti3,Si22N47 18 9.4 1800 1100 
Ti3Si Ti76Si2i c 1) 35 6.0 amorphous Ti3Si (500) 190 130 
Ti50Si 17N3ic2) 26 8.0 TiN (<5 nm) * 290 180 
Ti42Si,4N44 20 8.5 300 240 
Ti37Si13Nso 20 8.8 1900 1800 
Ti35Si 13N 52( c3) 18 8.9 TiN (<12 nm) * 2900 2500 
* as-deposited crystalline by x-ray 
** resistivities in parentheses are those of the crystalline bulk phases (26,27]. 
TABLE 2.1. Properties of Ti-Si-N films reactively sputtered from a TiSi2, a Ti5Si3 or a Ti3Si target. 
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Chapter 3 Ti-Si-N Thin Films as Diffusion Barriers Between Si and Al 
3.1 Experimental procedures 
Substrates used in the experiment include bare and oxidized planar (100) Si 
wafers and wafers patterned with 250x250 µm2 n+p shallow junction diodes. The bare 
planar Si wafers and those patterned with diodes were cleaned in a solution of 
concentrated HF diluted with water just before being loaded into the sputtering chamber. 
The base pressure of the evacuated chamber is around 5 x IQ-7 Torr, but it rises to 2 x 10-6 
Torr with the cryopump throttled for sputtering. Ti-Si-N films, about 100 nm thick, were 
deposited by reactively sputtering a TiSi2, a Ti5Si3 or a Ti3Si target in an rf-magnetron 
sputtering system. The system and the deposition conditions of the barriers are described 
further in section 2.1. Afterwards, about 350 nm of Al was deposited on top of the Ti-Si-
N films without breaking vacuum. The sputtering of the Al was carried out at 300 W 
forward power and in Ar with 5 mTorr pressure. The substrate holder was set in a 
rotation mode, in which the samples cyclically pass under an orifice beneath the target 
where they spend only 1/10 of the total sputtering duration. In this way, the sample 
surface is kept at a moderate temperature to avoid a rough surface morphology, or 
excessively heating the photoresist, when present on the substrate. The substrate holder 
was biased at -50 V during the metal depositions. Some samples were then annealed in a 
quartz-tube furnace at a pressure of less than 1 x 10-6 Torr. 
Ti-Si-N films of five different compositions were deposited from each target and 
their barrier performance was evaluated with Al overlayers. The results are summarized 
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in Table 3.1. The maximum temperature of stability we quote is for 30 min vacuum 
annealing when, at a 50 °C higher temperature, changes in the layers can readily be 
detected by optical microscopy or backscattering spectrometry. If no failure was detected 
by the above methods at temperatures higher than 500 °C, the stability of the barriers was 
further tested electrically using Si wafers patterned with the n+p shallow junction diodes, 
and the maximum temperature of stability, defined in analogous fashion, was then 
established by monitoring the change in the reverse current of the diodes at -4 V bias. 
Some barriers were further investigated by 2.0 MeV 4He2+ backscattering spectrometry, 
executed throughout with a 170 ° scattering angle for the detected particles and a 5 °-off-
normal beam incidence. X-ray diffractometry with Co Ka radiation (J .. =0.179 nm) and an 
Inel position-sensitive semi-ring detector, optical microscopy, and scanning electron 
microscopy equipped with energy-dispersive x-rays analysis were also applied. 
A film derived from the Ti5Si3 target is one of the best barriers between Si and Al 
in Ti-Si-N system. We thus begin with this type of films and subsequently discuss films 
obtained from the TiSi2 and Ti3Si targets in lesser details. 
3.2 Results 
3.2.1 Films from the Ti5Si3 target 
The amorphous nitrogenless film of Ti62Si38 (b 1) is an effective barrier between a 
Si substrate and Al overlayer up to 500 °C for 30 min annealing in vacuum. Raising the 
nitrogen content in the film improves the barrier strength slightly (Table 3.1). A 
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maximum temperature of stability of 550 °C is achieved when the nitrogen concentration 
exceeds 40 at.%. 
The backscattering spectra of three samples with 100 nm nanocrystalline 
Ti34Si23N43 (b3) and 360 nm Al bilayers on Si substrate, as-deposited and those after 30 
min annealing at 550 and 600 °C, are presented in Fig. 3.1. In the spectrum of the as-
deposited sample, the signal of Si in the barrier layer partly overlaps that of the Al layer. 
The tail that extends from the right edge of the Ti signal towards its surface energy 
corresponds to a Ti impurity in the Al layer intermixed during Al sputtering. The 
spectrum of the 550 °C-annealed sample is equal to that of the as-deposited sample, 
besides an insignificant difference in the thickness of the layers. After annealing at 600 
°C, the backscattering profiles indicate a severe intermixing of the Al and Si layers. 
Also, the Ti signal has moved to higher energy and changed to a diffuse shape, in accord 
with a penetration of the Al into the barrier. 
The surface morphology of samples with that barrier, as deposited and annealed, 
was examined by scanning electron microscopy (Fig. 3.2). The as-deposited sample has a 
smooth surface. After heating at 550 °C, the sample surface roughens and displays 
hillocks. This sample was dipped in a 40% aqueous solution of HCl at room temperature 
for 2 min to remove elemental Al. The micrograph of this etched sample shows some 
tiny white protrusions, one micron or less in size. After sintering at 600 °C, the sample's 
surface becomes very rough. A large number of "bumps" are presented, with sizes up to 
30 µm, and heights of a few microns. They have the appearance of a solidified liquid. 
An energy-dispersive analysis of x-rays emitted by a 10 keV electron beam (-1 µm 
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penetration depth) reveals an extreme compositional inhomogenity in the 600 °C-
annealed sample. The protrusions are composed mostly of Al, which is depleted in the 
surrounding area. After this sample is etched in HCl, its SEM micrograph shows an 
irregular surface, with white protrusion, larger in size than after annealing at 550 °C, and 
dark areas. An energy-dispersive mapping by electron induced x-rays shows that the 
white protrusions at the interface after both 550 and 600 °C-annealing are rich in Al and 
Si and lean in Ti and N. 
X-ray diffraction spectra of the as-deposited and annealed samples are shown in 
Fig. 3.3. That of the as-deposited sample contains only Al peaks. The spectrum remains 
unchanged after annealing at 550 °C. At 600 °C, the Al peaks sharpen, indicating 
coarsening of the Al grains. Three new peaks emerge that all belong to the Si phase. The 
Al-Si binary phase diagram has an eutectic at 577 °C with 12 at.% Si [1]. The above 
results can thus be explained by the formation of polycrystalline Si precipitates after the 
solidification of an Al-Si eutectic. 
Electrical measurements were performed on Si shallow n+p junctions with the 
same barrier and Al overlayers (Fig. 3.4). The histogram of the 42 diodes after 550 °C-
annealing displays no statistically significant increase in the reverse current density 
compared to diodes annealed at 250 °C. The 250 °C heat treatment improves the diode 
characteristic by annealing out defects generated by sputtering. This result indicates that 
the shallow junctions are not affected although some white objects are presented at the 
interface. All diodes are shorted after the 600 °C annealing, with reverse current densities 
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exceeding 10-2 A/cm2. That result is consistent with the idea of extensive local eutectic 
reactions at 600 °C, 'Yhich consumes Si down through the pn junction of the diodes. 
3.2.2 Films from the TiSi2 target 
The Si-rich barriers obtained from the TiSi2 target are effective between Si and Al 
up to 400-500 °C. Raising the nitrogen content in the films gradually improves the 
stability of the metallizations. Table 3 .1 shows that with similar nitrogen content, the 
barriers obtained from the TiSi2 target are less stable than those from the Ti5Si3 target. 
Fig. 3.5 shows a series of scanning electron micrographs of a planar sample with 
the amorphous Ti19Si40N41 (a3) barrier. The as-deposited sample has a smooth surface. 
Annealing at 300 °C induces the formation of hillocks with a typical size about 1 µm. 
Aluminum is the only element detected by energy-dispersive x-ray analysis with a 5 keV 
energy beam ( ~0.3 µm penetration), both on the planar area and the hillocks. The 
interface between Al and the barrier film remains smooth, as becomes evident when the 
Al layer is selectively etched off. These hillocks commonly appear upon annealing at a 
few hundred degrees in Al films on Si. They are the result of compressive stress relief in 
the Al film. After annealing at 550 °C, the concentration of hillocks on the surface 
increases and new features appear, some are as large as 10 µm. Aluminum remains the 
only element detected with emitted x-rays. When the Al layer is stripped off, a 
pockmarked surface appears, indicating an obvious selective chemical attack. An energy 
dispersive x-ray mapping reveals that the lightly-colored protrusions are more silicon-rich 
and titanium-lean than the surrounding areas. X-ray diffraction of the unetched sample 
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reveals the formation of A1Ti3. Aluminum thus has reacted with the Ti19Si40N41 (a3) 
barrier. 
Electrical measurements on shallow junction diodes show that the reverse current 
remains unchanged after heat treatment up to 500 °C. At 550 °C, all diodes show an 
increased reverse current. Some interaction with the Si has thus occurred. 
3.2.3 Films from the Ti3Si target 
The maximum temperature of stability for films derived from the Ti3Si target 
reaches 550 °C also. This maximum is achieved with 40 at.% of nitrogen or higher. The 
surface of the sample <Si>/Ti42Si 14N44/Al annealed at 550 °C displays only minor 
hillocking 0.5 µm or less in size, similar to what is observed with the Ti34Si23N43 (b3) 
barrier (Fig. 3.2) at the same temperature. The backscattering spectrum reveals no 
detectable degradation of the layers. The stability of the layers at this temperature is 
further certified by electrical measurement of the metallization on shallow junctions. The 
barrier fails at 600 °C with droplets formation similar to that shown in Fig. 3 .2. The 
polycrystalline Si phase is also detected by x-ray diffractometry. The Ti42Si 14N44 film 
has a lower as-deposited resistivity (300 µQcm) than that of Ti34Si23N43 {b3, 660 µOcm) 
obtained from the Ti5Si3 target. That advantage apart, the nitrogen-rich barriers attained 
from the Ti3Si and the Ti5Si3 targets perform very similarly. 
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3.3 Discussion 
For both reactively sputtered and chemically vapor-deposited TiN diffusion 
barriers between Si and Al, a maximum stable temperature of 500 to 550 °C is usually 
reported in literature [2-8]. The reaction of Al with TiN is one mechanism responsible 
for this limitation [2]. The interdiffusion of Al and/or Si through the barrier is another 
mechanism that has been invoked [5]. Both processes have a strongly localized character, 
usually attributed to the typically columnar structure of TiN films. This structure creates 
grain boundaries and even microvoids that can extend across the whole film. 
The results presented in section 3.2 show that the highest stable temperature 
achievable with Ti-Si-N barriers between Si and Al is also 550 °C. The as-deposited 
Ti34Si23N43 (b3) consists of nanometer-sized TiN grains embedded in an SiNx-like 
amorphous matrix (see section 2.3). 
The simplified Al-Ti-N and Al-Si-N ternary phase diagrams [9,10] are displayed 
in Fig. 3.6. The dashed tie-line between Al and Si3N4 indicates that the formation of a 
very thin interfacial AlN layer can sometimes block the reactions and establish a 
metastable condition. The TiA13 is the only stable phase between Ti and Al. A tie-line 
connects TiA13 and AlN, and these two phases equilibrate with TiN or Al. The AlN 
equilibrates with Si3N4 and Si. Neither TiN nor Si3N4 is thus stable in contact with Al, 
although both are stable with Si. 
An experiment with a bilayer of Ti34Si23N43 (b3) and Al on a Si02 substrate 
shows that the layers react strongly at 600 °C. It thus appears that the failure of the near-
amorphous Ti34Si23N43 (b3) layer is initiated by its reaction with Al. Once this reaction 
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has brought Al and Si into (local) contact with each other and the temperature exceeds 
their eutectic point at 577 °C, a liquid phase can appear. An eutectic exist in the Al-Si 
diagram at 577 °C [1]. The presence of the apparently solidified droplets after a 600 °C 
annealing strongly suggests such an eutectic reaction in the final stages of the breakdown. 
The barrier of Ti42Si 14N44 obtained from the Ti3Si target has the same maximum 
temperature of stability as Ti34Si23N43 (b3) from the Ti5Si3 target. The breakdown occurs 
at 600 °C also and in a very similar fashion. The Si-rich films obtained from the TiSi2 
target are generally slightly inferior barriers between Al and Si compared to those 
deposited from the other two targets. 
Some ternary amorphous barriers of the class TM-Si-N (TM=Ta, Mo, W) can 
successfully sustain annealing above the Al melting point, although they are also 
thermodynamically unstable with Al [11,12]. It was established that thin (3 nm) AlN 
layer forms at the interface in the case of the amorphous barrier W36Si14N50 with an Al 
overlayer and blocks further reaction [12]. In contrast, the Ti34Si23N43 (b3) investigated 
here is a phase-separated layer on the nanometer scale. We conjecture that in this case, a 
laterally uniform reaction between Al and the barrier may not occur, and that this is the 
reason why the reaction between Al and the barrier can proceed. 
Hillocks on the Al layer form most pronouncely on the amorphous Ti19Si40N41 
barrier (a3) obtained from the TiSi2 target and to a lesser degree on the nanocrystalline 
Ti34Si23N43 (b3) and the Ti42Si 12N44 from the Ti5Si3 and the Ti3Si targets respectively. 
Hillock formation is the result of the different thermal expansion of Al (25x10-6 K-1) and 
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Si (3x10-6 K- 1) [13]. Why the number and size of the hillocks differ for the various 
barriers is not clear. 
Exactly how the barrier performance is enhanced by adding nitrogen to the film is 
a matter that is hard to decide on the basis of our experiments. 
3.4 Conclusion 
Using Ti-Si-N films as diffusion barriers between Si and Al, stability of the 
metallization against thermal treatment improves with increasing N content, with a fixed 
Ti to Si ratio. The highest temperature at which large-area shallow n + p Si diodes 
patterned with a - 100 run thick Ti-Si-N barrier and an Al overlayer can be heated for 30 
min without degradation is 550 °C, using barriers derived from the Ti5Si3 or the Ti3Si 
targets with - 45 at.% of nitrogen or higher. This maximum temperature of stability is 
the same as, or slightly higher than, that of TiN barriers of the same thickness. The 
failure takes place at 600 °C and is initiated by a reaction of Al with the barrier layer. 
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FIG. 3.1. 2.0 MeV 4He2+ backscattering spectra of a sample <Si>/Ti34Si23N43(b3,100 
nm)/Al(360 nm), as-deposited and after 30 min annealing in vacuum, at 550 or 600 °C a 
Si02 substrate 
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FIG. 3.2. Scanning electron micrograph of a sample <Si>/Ti34Si23N43(b3 ,100 nm)/Al(360 
run), as deposited (top) and after 30 min annealing at 550 (center) or 600 °C (bottom), 
before (left) and after (right) selective etching in 40% HCl for 2 min at room temperature. 
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FIG. 3.3. X-ray diffraction spectra (taken with Co Ka radiation, A.=0.179 run) of a sample 
<Si>/Ti34Si23N43(b3,100 run)/Al(360 run), as-deposited and after 30 min annealing at 550 
or 600 °C. 
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FIG. 3.4. Histograms of the measured reverse current density at -4 V bias and room 
temperature of 42 Si n+p shallow junctions with a 100 nm thick nanocrystalline 
Ti34Si23N43 (b3) barrier layer and a 360 nm Al overlayer after 30 min annealing at 250 
and 550 °C. 
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FIG. 3.5. Scanning electron rnicrographs of a sample <Si>/Ti 19Si40N41 (a3,100 
nm)/A1(350 nm), as-deposited (top), and after 30 min annealing at 300 or 550 °C, before 
(left) and after (right) selective etching in 40 % HCl for 2 min at room temperature. The 




FIG. 3.6. Simplified phase diagrams of Ti-N-Al and Si-N-Al systems at 600 °C. The Al-
Ti-N diagram is the simplified version of Beyer et al. [9] at 600 °C. The Al-Si-N diagram 
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TABLE 3.1. Maximum temperature of stability of Ti-Si-N films about 100 nm-thick 
between Si and Al, Si and Cu, or thermally grown Si02 and Cu. The metal overlayers are 
350 to 450 run thick. The maximum temperature of stability is that temperature, 50 °C 
above which a degradation is observed upon vacuum annealing for 30 min. For details 
see section 3.1. 
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Chapter 4 Ti-Si-N Thin Films as Diffusion Barriers Between Si and Cu 
4.1 Experimental procedures 
The experimental procedures are the same as those discussed in section 3 .1. The 
sputter-deposition of Cu was accomplished in exactly the same way as for Al. 
Films of five different compositions were deposited from each target and their 
barrier performance on Si substrate was evaluated with Cu overlayers (see Table 3.1). 
The maximum temperature of stability we quote is for 30 min vacuum annealing when, at 
a 50 °C higher temperature, changes in the layers can readily be detected by optical 
microscopy or backscattering spectrometry. If no failure was detected by the above 
methods at temperatures higher than 500 °C, the stability of the barriers was further tested 
electrically using the Si wafers patterned with the n+p shallow junction diodes, and the 
maximum temperature of stability, defined in analogous fashion, was then established by 
monitoring the change in the reverse current of the diodes at -4 V bias. The effectiveness 
of the barriers sandwiched between thermal Si02 and Cu is evaluated by backscattering. 
The 100 nm-thick film with the best barrier performance between a (100) Si 
substrate and a Cu overlayer about 400 nm thick is one derived from the Ti5Si3 target. 
We thus begin with this type of films. The nitrogen-free titanium silicides films 
nonreactively deposited from the three targets are discussed in detail as well, as few 
results have been reported before for such barriers with Cu. 
83 
4.2 Results 
4.2.1 Films from Ti5Si3 target 
The maximum temperature of stability of films about 100 run thick between a 
(100) Si substrate, with or without a thermally grown oxide layer, and a Cu overlayer 
about 400 run thick is listed in Table 3.1. A discontinuity in this maximum temperature 
as a function of nitrogen concentration occurs at about 40 at.% regardless of the substrate. 
Below this concentration, the maximum temperature of stability varies from 200 to 600 
°C, and is never lower on oxidized Si substrate than it is on bare Si substrate. Above 40 
at.% nitrogen, the maximum temperature of stability jumps up to 850 and 900 °C on Si 
and Si02 substrates, respectively. 
After annealing at 450 °C, the surface of the degraded sample 
<Si>/Ti62Si38(bl)/Cu with an amorphous nitrogen-free barrier changes from a shining 
silverish to a dark color. Backscattering spectrometry of this sample reveals that Cu is 
present all the way to the substrate (Fig. 4.1, top). The r]"-Cu3Si [1] and the Ti5Si3 phases 
are recognized by x-ray diffraction. 
For the same amorphous Ti62Si38 (bl)/Cu structure on oxidized silicon, no such 
interaction can be detected by optical microscopy, backscattering spectrometry, or x-ray 
diffractometry below or at 600 °C. After annealing at 650 °C, optical microscopy of the 
sample's surface still shows no detectable degradation. Nevertheless, the backscattering 
profile of the layers (Fig. 4.2, top) starts to deviate from that of the as-deposited sample: a 
slight increase in the background signal is observed between the Cu and the Ti signals, 
implying that Cu may have started to interact with the barrier layer. A further increase in 
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this signal is found after the sample is annealed at 700 QC, and the sample surface lightens 
in color. Crystallization of the barrier is observed at 500 QC by x-ray diffraction. This 
crystallization temperature is 200 QC below that observed without the Cu overlayer (see 
section 2.3a). No phases other than Cu and Ti5Si3 are detected in the x-ray diffraction 
spectrum after annealing at 700 QC. 
With the barrier of nanocrystalline Ti34Si23N43 (b3), no failure was detected by 
backscattering spectrometry or scanning electron microscopy after the sample was 
annealed below or at 850 QC on either a bare or an oxidized Si substrate. After annealing 
at 900 QC, the backscattering spectrum indicates no detectable intermixing of the layers 
on Si02 (not shown), while on Si it shows a barely detectable rise of the signal level 
below the low-energy edge of the Cu signal (Fig. 4.3). 
The as-deposited, 850 and 900 QC-annealed samples on Si substrate were further 
examined by scanning electron microscopy (Fig. 4.4). The surface of the sample after 
850 QC-annealing appears rough but is free of distinctive features. Circular holes up to 10 
µm in diameter emerge when the sample is heated at 900 QC. Analysis by energy-
dispersive x-rays shows that the region inside a hole contains significant amounts of Ti 
and Si, while the edge of a hole is composed mainly of Cu and contains elements at about 
the same relative ratio as an area outside of a hole. These results indicate that there is a 
sink of Cu at the center. X-ray diffraction results suggest that TiN crystallites have 
formed, but no Cu-Si compounds is detected. The crystallization does not take place at 
lower temperatures. It is related to the presence of the Cu overlayer, as the barrier itself, 
according to x-ray diffraction, does not crystallize until 1000 QC (see section 2.3.1). 
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Metallizations with the same barrier and Cu overlayer on shallow Si n+p junctions 
were characterized by monitoring the reverse current at -4 V bias after annealing at 250, 
850, and 900 °C for 30 min. The histograms were reported in ref. 2. No increase in the 
reverse current is observed in 42 diodes measured up to 850 °C, compared to those 
annealed at 250 °C. At 900 °C, the reverse current density of about 30% of the diodes 
has increased, and only for a few by an order of magnitude or more. It was also reported 
in ref. 2 that a 10 nm-thick film of Ti34Si23N43 (b3) between shallow Si junctions and Cu 
overlayers maintains the electrical characteristic of the diodes up to 650 °C. 
This maximum temperature of stability of 850 °C (100 nm barrier) is above the 
Si/Cu eutectic of 802 °C. Futhermore, the Ti34Si23N43 (b3) has a quite acceptable 
resistivity of 660 µQcm as-deposited, and lower when annealed (see section 2.5). 
4.2.2 Films from TiSi2 target 
The maximum temperature of stability of the barrier/Cu bilayers on (100) Si and 
on Si02 is nearly the same at a fixed barrier composition, and initially increases 
monotonically with nitrogen content in the barrier (Table 3.1). There is a noticeably 
enhanced increase above 40 at.% nitrogen, as for the Ti5Sirderived barriers. The highest 
temperature of stability is also about the same (850 or 900 °C). 
The nitrogen-free amorphous Ti34Si66 (al) film fails as a barrier at as low as 250 
°C, on either bare or oxidized Si substrate. At that temperature, no changes could be 
detected by inspecting the sample surface under the optical microscope, although 
backscattering spectrometry does unveil a faint onset of the intermixing of the Cu and the 
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barrier layers. After annealing at 300 °C, the surface of the samples still remains smooth 
and shiny, but has changed to a lighter color. The combined information of 
backscattering spectrometry (Fig. 4.1, center) and x-ray diffractometry (not shown) of the 
layers on Si substrate indicates that Cu has reacted with the barrier and a layer of y-Cu5Si 
[3] has formed. The backscattering spectra of Fig. 4.1 (center) implies that the failure 
starts from the reaction between Cu and the barrier, since the depth profile of the Cu layer 
only changes near the barrier/Cu interface. Similar spectra were taken with the layers on 
oxidized Si substrate (Fig. 4.2, center). They also start to degrade at 250 °C. 
The most effective barrier sputtered from the TiSi2 target is that with the most 
nitrogen, Ti19Si40N41 (a3), which is amorphous in structure. The stability of the 
metallization was evaluated by electrical measurement with samples on shallow Si n + p 
junction diodes. All the 42 diodes tested maintain a reverse current density between 4.7 
and 4.9 x10-s A/cm2 at -4V bias after annealing at 850 °C, as those heat-treated at 250 °C 
for defect recovery. After sintering at 900 °C, 95% of the diodes show an increased 
reverse current density up to 6.6x 10-3 A/cm2 (Fig. 4.5). Fig. 4.6 shows a typical local 
failure area. Local reaction spots up to 100 µm in size are formed at this temperature. No 
crystallization of the barrier or formation of intermetallic compound is detected by x-ray 
diffraction at 900 °C. 
Although this film works as effectively as the Ti34Si23N43 (b3) film as a barrier, it 
has a much higher electrical resistivity of 4200 µQcm as deposited, and the value rises 
after heat treatment (see section 2.5). 
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4.2.3 Films from Ti3Si target 
The maximum temperature of stability of a 100 nm barrier on a (100) Si or a Si02 
substrate and with a 350 nm Cu overlayer is listed in Table 3.1. The amorphous barrier 
of Ti76Si24 (cl) prevents reaction of the Si substrate with the Cu overlayer up to 450 °C, 
which is higher than the maximum temperature of stability of the barriers nonreactively 
sputtered from the other two targets. However, the metallization becomes less stable 
when nitrogen is added to 33 at.% (c2). This circumstance is not observed in barriers 
deposited from the other two targets. Further increase of the nitrogen content 
significantly improves the effectiveness of the barrier. For a Si02 substrate, the 
maximum temperature of stability is higher than on Si substrate, with the possible 
exception at low nitrogen concentrations. The best barrier derived from the Ti3Si target is 
columnar Ti35Si 13N52 (c3). It is effective up to 700 and 850 °C respectively on Si and 
Si02 substrates. 
Backscattering spectrometry shows no detectable intermixing of the layers in the 
as-deposited and 450 °C-annealed samples of <Si>/Ti76Si2icl)/Cu with the amorphous 
unnitrided barrier, but the metallization fails during annealing at 500 °C, as is indicated 
by the altered backscattering spectrum (Fig. 4.1, bottom). Only the Cu phase is identified 
by x-ray diffraction. The sample surface appears free of distinctive features under optical 
nucroscopy. 
The same barrier between Si02 and Cu degrades at 500 °C as well. 
Backscattering results unveil a depth profile similar to that on bare Si substrate (Fig. 4.2, 
bottom). The sample surface looks smooth under optical microscope. 
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The structure <Si>/Ti50Si 17N3J(c2)/Cu degrades at 300 °C. The backscattering 
spectrum of the sample also shows an increased signal level between the Ti high-energy 
and the Cu low-energy edges. No phase other than Cu is detected by x-ray 
diffractometry. 
Electrical measurement on Si diodes reveals that the columnar barrier Ti35Si 13N52 
(c3) starts to fail at 750 °C (Fig. 4.7). A scanning electron micrograph of that sample 
shows a pustuled surface with holes on many of the blisters (Fig. 4.8). Cu and TiN are 
the only phases detected by x-ray diffractometry. In contrast, the same barrier and Cu 
layers on a Si02 substrate maintain their structural integrity up to 850 °C. The resistivity 
of this barrier is about 3900 µQcm as deposited, and declines upon annealing (see section 
2.5). 
4.3 Discussion 
4.3.1 General comments 
For the purpose of the following discussion, we assume that the metallization can 
degrade by three distinct modes: 1. reaction between the top layer and the barrier; 2. 
reaction between the barrier and the bottom (substrate) layer; 3. diffusion of the top or 
bottom layer material through the barrier followed by reaction. Other mechanisms can be 
conceived that also lead to the failure of the structure, such as mechanical fracture or 
decomposition of the barrier. Compelling evidence for such mechanism has never been 
observed in the course of our work. We therefore feel justified in ignoring them. 
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In table 4.1, the maximum temperature of stability of the barriers Ti62Si38(b 1 ), 
Ti34Si66 (al), Ti76Si24 (cl), Ti34Si23N 43 (b3), Ti 19Si40N 41 (a3), and Ti35Si13N 52 (c3) are 
listed for both a Si and a Si02 substrate. Also listed are the crystallization temperature of 
the barriers on a Si02 substrate, with and without the Cu overlayer, and the intermetallic 
compounds formed when a failure has occurred, and the possible failure mode deduced. 
4.3.2 Ti-Si films 
In the case of the amorphous Ti62Si38 (bl) barrier and a Cu overlayer, a substantial 
difference in the maximum temperature of stability is observed for the bare Si and the 
oxidized Si substrates. The former scheme fails at 450 °C, which is 200 °C lower than 
the latter does. This observation implies that the failure on a Si substrate is initiated by 
either the reaction of the barrier with the Si or the diffusion of Cu or Si through the 
barrier. The test with the barrier alone on a bare Si substrate indicates that they do not 
react at 450 °C. It is thus the transport of Cu or/and Si through the Ti62Si38 (b 1) layer that 
initiates this failure. Although Cu penetration at 450 °C may occur in amounts too small 
to be detected by our techniques when the bottom layer is Si02, it may be greatly 
enhanced by the local Cu/Si reaction when Si lies below the barrier and a reaction is 
initiated locally. We recall that Cu deposited directly on Si severely reacts with it already 
at 300 °C [4]. 
The Si-rich amorphous barrier of Ti34Si66 (al) fails at temperature as low as 250 
°C, with either Si or Si02 at the bottom. The origin of this failure is unrelated to the 
substrate and hence likely associated with the reaction between the barrier and the Cu 
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overlayer, with the formation of the y-Cu5Si phase, as indicated by the results presented 
in Table 4.1. 
The failure of the amorphous Ti-rich Ti76Si24 (cl) barrier talces place at 500 °C no 
matter whether a Si or a Si02 substrate is used. No detectable alteration of the surface 
morphology of the sample is associated with the failure. Most likely it is the reaction of 
Cu with the barrier that initiates the failure. We could not identify the emerging phases 
from x-ray diffraction analysis. 
We conclude in summary that on a Si substrate, the nitrogen-free barriers with a 
high content of Si or Ti fail by reaction with the Cu overlayer, while the Ti5Sirbased 
barrier most probably fails by crystallization of the amorphous barrier induced by Cu and 
its subsequent penetration to, and reaction with, the Si substrate. The Ti-rich silicide 
barrier Ti76Si24 (cl) maintains the integrity of the Si metallization up to 450 °C. 
4.3.3 Ti-Si-N films 
The simplified ternary phase diagrams of Cu-Si-N and Cu-Ti-N [5, 6] in the 700-
1000 °C range are shown in Fig. 4.8. A key difference from those with Al (Fig. 3.6) is 
the existence of tie-lines between Cu and both TiN and Si3N4. We attribute the sudden 
rise of the maximum temperature of stability when the nitrogen concentration exceeds 40 
at.% in films for all three targets to the chemical inertness of Ti-Si-N. This is evidenced 
by the exceptionally high maximum temperature of stability of 900 °C when the non-
reactive oxide is underlying. In addition, both TiN and Si3N4 are stable in contact with Si 
according to the Ti-Si-N phase diagram. We consistently find by backscattering 
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spectrometry that the nitrogen-rich barriers are stable on Si at 900 °C (when Cu is 
absent). The diffusion of Cu or/and Si through the barrier layer thus becomes the only 
mechanism leading to the disruption of the structure. 
The TiN diffusion barrier for Cu on Si has been studied in the recent past. 
Sputter-deposited TiN usually has a columnar grain structure, with a lateral grain size of a 
few tens of nanometers [7]. The system deteriorates at 700 °C or below presumably via 
grain boundary diffusions of Cu [8-11]. We observed a similar columnar grain structure 
in the film of Ti35Si13N52 (c3) (section 2.3.2), which explains its disruption at a relatively 
low temperature of 750 °C as opposed to 900 °C for the barriers of nanocrystalline 
Ti35Si 13N52 (b3) and amorphous Ti 19Si40N41 (a3). 
The much improved strength of barriers deposited from the Ti5Si3 and TiSi2 
targets with more than 40 at.% of nitrogen is most likely due to the reduced size of the 
TiN grains and, more importantly, to the incorporation of amorphous SiNx between 
grains, or a total absence of distinguishable crystalline structure. The failure of these 
barriers starts locally at 900 °C, as shown in the scanning electron micrographs (Fig. 4.4). 
We are unable to specify what features in the film had caused the local failure. The 
nanocrystalline barrier of Ti34Si23N43 (b3) is comparable to the amorphous Ta36Si 14N50 
[ 4] in terms of resistivity and barrier strength for Cu metallization. 
4.3.4 Composition selection for an optimized diffusion barrier 
With the insights gained so far on how some parameters change over the 
composition field of the ternary Ti-Si-N phase diagram, one can delineate where the 
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optimum atomic composition of a diffusion barrier between Cu and Si lies. To be 
effective, a diffusion barrier must, firstly, be chemically inert against the substrate and the 
metal overlayer. Among the equilibrium phases in the Ti-Si-N phase diagram of Fig. 2.3, 
Ti and Si form compounds with Cu. The experiments we conducted with Si02 substrates 
reveal that all three titanium silicides also are unstable with Cu and react with it at 650 °C 
or less (Table 4.1). Titanium and the Ti-rich silicides are not stable with Si either. On 
the other hand, TiN and Si3N4 are stable with both Si and Cu. These facts indicate that a 
stable barrier between Si and Cu needs to have TiN and/or Si3N4 as major constituents 
(Fig. 4.lOa). Accordingly, the results indicate that for all the three Ti to Si ratios we 
tested, stability of the barriers improves radically when nitrogen exceeds 40 at.% (see 
Table 3.1). 
Secondly, the barrier must be electrically conductive. Titanium nitride is a 
metallic conductor. Applying a bias to the substrate during sputter-deposition effectively 
depresses the oxygen and the void concentration in the film, and a resistivity around 50 
µQcm is usually obtainable that way. In contrast, Si3N4 is a large band-gap insulator. 
Films that compositionally fall in the vicinity of Si3N4 all have very high resistivities too, 
and films that compositionally fall near TiN all have fairly good resistivities (see section 
2.5). An appropriate diffusion barrier should therefore be located compositionally away 
from the region near Si3N4 and close to TiN. The region of composition eliminated by 
this resistivity consideration is indicated in Fig. 4.1 Ob. 
Thirdly, a diffusion barrier should be free of grain boundaries or extended defects. 
Sputtered Ti and reactively sputtered TiN films lack this merit because of their 
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polycrystalline structure. We have observed by cross-sectional transmission electron 
microscopy that adding about 15 at.% of Si to TiN reduces its grain size to 10 nm or less, 
but the grains remain columnar. With 25 at.% of the Ti atoms replaced by Si, the size of 
the grains is further reduced to 3 nm or less and the nano-grains are buried in an 
amorphous matrix. For yet higher Si concentrations (- 40 at.%), the nanograins 
disappear entirely and the structure becomes uniformly amorphous (see section 2.3.1). 
To avoid extended defects, the composition range indicated schematically in Fig. 4.1 Oc 
should thus be shunned. 
When the three requirements, stability (with Cu and Si), resistivity, and 
microstructure are considered together, the allowable composition field that remains is 
sketched in Fig. 4.1 Od. That field is near or slightly below the TiN-Si3N4 tie-line. How 
far towards Si3N4 the optimum lies depends on the required thickness of the barrier layer 
and its area. 
4.4 Conclusion 
Of the Ti-Si-N films reactively sputtered from a Ti5Si3, a TiSi2 or a Ti3Si target, 
Ti34Si23N43 (b3) is the most effective diffusion barrier between Si and Cu. The as-
deposited film has an electrical resistivity of 660 µOcm and a nanocrystalline structure. 
A 100 nm film of Ti34Si23N43 (b3) between shallow n + p junction diodes and Cu 
overlayers maintains the integrity of the diodes up to 850 °C upon 30 min vacuum 
annealing. The metallization fails locally at 900 °C. This ternary alloy is obviously 
superior to TiN films of the same thickness. 
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The Ti34Si23N43 (b3) alloy derives its high effectiveness as a diffusion barrier from 
its microstructure where TiN nanocrystals are randomly immersed in an amorphous 
matrix of SiNx. A Ti35Si 13N52 (c3) film is less effective than Ti34Si23N43 (b3), probably 
owing to its columnar structure which provides fast diffusion path for Cu. An amorphous 
film of Ti 19Si40N41 (a3) is equally effective as Ti34Si23N43 (b3), but its resistivity is 
excessive for most barrier applications in advanced semiconductor devices. 
For interconnection lines and via holes that are themselves only a few multiples of 
100 nm, diffusion barriers must be limited to thickness of the order of 10 nm. A 
reactively sputtered 10 nm-thick nanocrystalline Ti34Si23N43 (b3) film has been shown to 
prevent the degradation of shallow junction diodes up to 650 °C for 30 min vacuum 
annealing [3]. This performance is above current stability requirement and demonstrates 
the potential usefulness of these films at sub-0.25 µm dimensions. Preliminary research 
further indicates that Ti-Si-N films can be synthesized by metal-organic chemical vapor 
deposition [12,13]. These films are superior to reactively-sputtered TiN as barrier for Cu 
electrodes to <Si>/Si02 capacitors, and at a gain in conformal step coverage. 
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FIG. 4.1. 2.0 MeV 4He2+ backscattering spectra of a sample <Si>/Ti62Si38(bl,1 00 nm)/Cu 
(380 nm), as-deposited and after 30 min annealing in vacuum, at 400 or 450 °C (top). I 
dem for a sample <Si>/Ti34Si66(al,90 nm)/Cu(410 nm), as-deposited and for 250 or 300 
°C (center). Idem for a sample <Si>/Ti76Si2icl,130 nm)/Cu(340 nm), as-deposited and 
for 500 or 550 °C (bottom) (5 °-off normal beam incidence; scattering angle of detected 
particles is 170 °). 
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FIG. 4.2. 2.0 MeV 4He2+ backscattering spectra of a sample <Si>/Si02/Ti62Si38(bl,150 
nm)/Cu (290 nm), as-deposited and after 30 min annealing in vacuum, at 400 or 450 °C 
(top). Idem for a sample <Si>/Si02/Ti34Si66(al,100 nm)/Cu(360 nm), as-deposited and 
for 250 or 300 °C (center). Idem for a sample <Si>/Si02/Ti76Si2icl,100 nm)/Cu(320 
nm), as-deposited and for 500 or 550 °C (bottom) (5 °-off normal beam incidence; 
scattering angle of detected particles is 170 °). 
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FIG. 4.3 . 2.9 MeV 4He2+ backscattering spectra of a sample <Si>ffi34Si23N4J(b3,120 
nm)/Cu(390 nm), as-deposited and after 30 min annealing in vacuum at 900 °C (5 °-off 
normal beam incidence; scattering angle of detected particles is 170 °). 
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FIG. 4.4. Scanning electron micrographs of a sample <Si>/Ti34Si23N43(b3,~ 100 
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FIG. 4.5. Histograms of the measured reverse current density at -4 V bias and room 
temperature of 42 Si n+p shallow junctions with a ~100 nm thick amorphous Ti 19Si40N 41 
(a3) barrier layer and a ~400 nm Cu overlayer after 30 min annealing at 250, 850, and 
900 °C. 
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FIG. 4.6. Scanning electron micrograph of a sample <Si>/Ti 19Si40N41 (a3,-100 nm)/Cu 
(-350 nm), after 30 min annealing at 900 °C. 
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FIG. 4.7. Histograms of the measured reverse current density at -4 V bias and room 
temperature of 42 Si n+p shallow junctions with a -100 nm thick columnar Ti35Si 13N52 
(c3) barrier layer and a - 350 nm Cu overlayer after 30 min annealing at 250, 700, and 
750 °C. 
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750 °C/ 30 min 
FIG. 4.8. Scanning electron micrograph of a sample <Si>/Ti35Si 13N5i(c3,-100 nm)/Cu 






FIG. 4.9. Simplified Cu-Ti-N and Cu-Si-N phase diagrams, suggested by Bhansali et al. 






FIG. 4.10. Schematic of composition regions in a Ti-Si-N phase diagram: a) unstable 
region; b) high resistivity region; c) polycrystalline region; d) field marked with cross is 
the allowable region for a diffusion barrier. 
film <Si>/barrier/Cu <Si>/Si02/barrier/Cu x-ray crys. temp. possible failure 
on Si02.(
0C) mode (on <Si>) 
max. temp. phases max. temp. phases without with Cu 
of stability formed at of stability formed at Cu 
(OC) 50°C above coq 50°C above 
Ti62Si38 (bl) 400 11"-Cu3Si 600 none 700 500 diffusion 
Ti34Si66 (al) 200 y-Cu5Si 200 y-Cu5Si 500 ~200 reaction 
Ti76Si24 ( c 1) 450 none 450 none 500 ~450 reaction 
Ti34Si23N43 (b3) 850 none 900 - 1000 900 local 
Ti 19Si40N41 (a3) 850 none 900 - 1000 ~ 900 local 
Ti35Si 13N52 (c3) 700 none 850 none * * diffusion 
Table 4.1. Maximum temperature of stability of -100 nm-thick Ti-Si and Ti-Si-N diffusion barriers between Si and -400 nm Cu, or 
Si02 and -400 nm Cu, the intermetallic compounds detected by x-ray diffraction at 50 °C above the maximum temperature of 
stability, x-ray crystallization temperatures of the films on Si02 substrate with or without Cu overlayer, and failure mode deduced. 




II. Oxidation, Diffusion, and Crystallization of an Amorphous 
Zr60Al15Ni25 Alloy 
1. Introduction 
Metallic glasses are metallic alloys solidified from a melt whose x-ray and 
electron diffraction patterns show no sharp peak. Microscopically, their atomic structure 
lacks long range translational symmetry [1]. Metallic glasses possess a number of 
interesting and potentially useful properties. It was first reported in 1959 that a metallic 
glass is obtainable in the form of a foil by rapid quenching at a cooling rate of - 106 K/s 
[2]. 
The glass transition temperature of metallic glasses is usually monitored by the 
steep increase in the specific heat that characterizes the transition from the state of a glass 
to that of an undercooled liquid, and sometimes by the rapid decrease of the viscosity 
through 1012 Nsm-2 (1013 poise) [1 ,3], both with increasing temperature. 
Two measurements are used to evaluate the glass forming ability of metallic 
glasses: the supercooled liquid region (or ~Tx, the temperature span between the glass 
transition and the crystallization temperature), and the reduced glass transition 
temperature (the ratio of the glass transition temperature to the melting temperature). 
Inoue et al. have concluded that there is a clear tendency that T gfT m increases with ~ T x in 
some La, Mg, and Zr-based alloys [4]. It has also been shown that the critical cooling 
rate for the glass formation, Re, decreases with increasing T g/T m and ~ T x [ 4]. 
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Being amorphous, metallic glasses possess a number of attractive properties like 
high corrosion resistance, high mechanical strength and good ductility, and low 
temperature dependence of resistivity. Some Fe, Co, and Ni-based alloys are soft 
magnetic material with Curie temperatures well above room temperature. Moreover, a 
good combination of these properties makes them unique materials in certain 
applications. For example, their mechanical property together with the high corrosion 
resistance make them suitable for protective coatings for machine parts and chemical 
plants. The high permeability of some Co-based metallic glasses, combined with their 
high wear-resistance, are exploited for recording heads. It is obvious that their 
application will greatly widen if metallic glasses can be obtained in a bulk form. 
Recently, great progress has been made through the active search for practically 
processable bulk metallic glasses. The group of Inoue and Masumoto has introduced 
families of La [5,6], Mg [7,8] and Zr [9-11]-based alloys, with excellent glass-forming 
ability and high thermal stability. They can be formed by casting at a cooling rate of 103 
K/s or less. Two alloys, namely, ZrTiNiCuBe [12,13] and TiZrCuNi [14], have been 
developed by Prof. Johnson's group at Caltech, which have the highest glass-forming 
ability ever reported. They possess a reduced glass transition temperature of 0.67 and 
0.58 respectively, and can be processed by copper-mold casting at a dimension of 
millimeters to centimeters. 
Among these alloys, there are a few Zr-based alloy groups, like ZrAlNi [9], 
ZrAlCu [10] , ZrAlNiCu [11] and ZrTiNiCuBe [12]. It is well-known that Zr is highly 
reactive with oxygen. It is therefore of general interest and also of practical relevance to 
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study the mechanism of oxidation and its possible effects on nucleation of crystalline 
phases near the glass transition temperature. Such studies are also relevant to atomic 
diffusion, and to assessing the relationship between viscosity and diffusivity in the 
supercooled liquid (1,3]. The present study examines the temperature-dependent 
behavior of the amorphous Zr60Al 15Ni25 alloy in an oxygen atmosphere. 
The Zr60Al15Ni25 alloy has a glass transition temperature of 710 K (437 °C), a 
crystallization temperature of 787 K (514 °C), and a reduced glass transition temperature 
of 0.64. This alloy has been chosen for this investigation because the three elements are 
well separated in atomic number, so that their signals in a backscattering spectrum are 
clearly distinguishable. Secondly, the particular atomic composition selected has the 
highest supercooled liquid region (77 K) among all amorphous Zr-Al-Ni alloys (4]. 
Also, the Zr60Al15Ni25 alloy contains mainly transition metals and no noble metals, 
lanthanide, or beryllium. This metallic glass has a greater tensile strength and a higher 
glass transition and crystallization temperatures than those of the Mg- and La- based 
alloys (15]. This alloy is a practically promising material and is also a convenient vehicle 
on which to study the oxidation of a metallic glass. 
2. Experimental procedures 
Zr60Al 15Ni25 ingots were prepared by induction melting on a water-cooled copper 
boat under a Ti-gettered argon atmosphere. Small pieces of the initial ingot were 
levitation-melted in an rf field. The samples were subsequently quenched into thin foils 
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in a pure argon-filled twin-piston rapid quencher. The thickness of these foils is about 50 
µm. 
The foils were exposed to dry oxygen in an open-ended quartz-tube furnace over a 
temperature range of 310 °C to 450 °C. The oxygen gas flow was adjusted to 100 cm3/ 
min. A few other samples were annealed in a vacuum furnace at a pressure of less than 
1 x 10-6 Torr. 
Backscattering spectrometry using 2.0 MeV and 6.2 MeV 4He2+ ions was 
performed to analyze the depth profiles of the elements. To study the structure of the as-
quenched and annealed foils , 12°-glancing-angle x-ray diffraction using Co Ka radiation 
() .. =0.179 nm) was applied. The microstructure and composition of the samples were also 
studied by transition electron microscopy and analyzed by energy-dispersive x-ray 
analysis. The transition electron microscopy specimens were prepared by a microtome 
technique. 
3. Oxidation between 310 and 390 °C 
3.1 Oxide composition and growth law at 370 °C, with kinetic modeling 
Figure 1 shows the backscattering spectra of Zr60Al 15Ni25 foils, as-quenched, and 
annealed at 370 °C for various duration. The signal of the light element Al is barely 
resolved over the background of the Zr and the Ni yields. Spectra of the annealed 
samples reveal that the Zr is oxidized, as the reduced height of its signal proves. In 
addition, an oxygen plateau appears at the low-energy part. The constant height of the Zr 
and the 0 signals after oxidation suggests a uniform composition of the oxide. The Ni 
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edge moves to lower energies, indicating that Ni is expelled from the growing oxide 
layer. The Ni yield also rises above its prior height just to the left of its edge (below 1500 
keV). This excess signal broadens with annealing duration, but its maximum height stays 
constant, which implies that the Ni concentration near the interface increases to a fixed 
value, independent of oxidation duration. Whether the Al is oxidized or not cannot be 
directly discerned, but can be inferred from the height of the Zr surface signal. Taking 
the height of this signal before oxidation, H~!oy, as reference, the heights Hi~2 and 
H~2 +A1 20' that correspond to the oxide of pure Zr02, or of both Zr02 and Al20 3 can be 
derived. Their values are marked on the right axis in Fig. 1. The signal height of 
H~2+A1 203 matches the experimental Zr signal, which suggests that the surface oxide 
layer consists of a mixed oxide of Zr02 and Al20 3 containing roughly the same Zr to Al 
cation ratio as the original glassy alloy. The thickness of the oxides was calculated from 
the energy shift of the Ni high-energy edge. The square of the oxide thickness is found to 
be proportional to the annealing duration. The details are presented in the section 3.2. 
The yield of the Ni signal just to the left of its high-energy edge in the 
backscattering spectra is constant for all annealing durations considered. 
Correspondingly, the steady-state Ni concentration within the alloy near the interface is 
about 35 at.%. This observation suggests that Ni reaches a chemical equilibrium at the 
alloy/oxide interface. 
Since both the Zr and Al are uniformly distributed throughout the oxide, it is 
possible that oxygen is the dominant moving species in this reaction, and that the 
oxidation takes place at the oxide/alloy interface. The other less likely case is that Zr and 
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Al migrate through the oxide at certain rates, that will maintain an unchanged Zr to Al 
atomic ratio upon their oxidation at the surface. Most likely, the scenario for the 
oxidation process at 370 °C is the following: oxygen transports through the oxide layer to 
the interface, where it reacts with Zr and Al, while Ni diffuses back into the amorphous 
alloy. The experimentally observed parabolic growth of the oxide layer (section 2.3) 
indicates that the oxidation is not controlled by interfacial reaction but is transport-
limited. According to the above interpretation of the backscattering spectrometry results, 
two diffusion processes are involved: the diffusion of oxygen in the oxide, and that of 
nickel in the alloy. The progression of the oxidation is then controlled by the slower of 
these two processes. 
First, we model the system one-dimensionally at interfacial chemical equilibrium 
when it is the Ni diffusion into the alloy that limits the growth rate. We assume that the 
Ni concentration is zero in the oxide, is C 1 at the interface, and is C0 far away from the 
interface, where C0 is the initial concentration of Ni in the alloy. Both C's are 
independent of time with C1 larger than C0• Let the coordinate x' that moves with the 
interface be zero at the interface and positive below. Under these conditions, the Ni 
concentration C(x', t) is a complementary error function 
(1) 
where t is the annealing duration, and D~~oy is the Ni diffusivity in the alloy. The 
position of the interface, x(t), which also represents the thickness of the oxide layer, is 
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measured in a stationary coordinate system with the sample surface at the origin. After a 
short time interval dt, the amount of Ni rejected from the alloy layer is yC0dx, where y is 
the conversion factor from the oxide thickness to the thickness of the consumed alloy, 
and is equal to the ratio of Zr or Al atomic density in the oxide to that in the alloy. This 
amount must equal the total increase of the Ni below the interface, i.e., 
00 il 
y C0dx = dt J-=--ccx', t)dx' 
0 ilt (2) 
Substituting C(x', t) into the above equation and integrate, we obtain for the speed of the 
Ni front 
dx 1 C1 -C0 
-=-~-~
dt 2 y C0 
(3) 
or (4) 
The transport constant 
Kalloy =_!_CC' -Co )2 Dalloy 
Nt 2 c Nt y 0 
(5) 
is proportional to the Ni diffusivity in the alloy. 
Secondly, we consider the case in which the diffusion of oxygen limits the growth 
rate. We model the process by assuming a fixed oxygen concentration in the oxide at the 
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surface (C 1') and at the interface (C0'). The oxygen arrives at the oxide alloy interface 
with a flux of 
· DOxide (C1' -Co') 
J = 0 ' (6) x 
assuming a quasi-steady-state condition for the growth, i.e., linear oxygen concentration 
distribution in the oxide layer. The oxidation reaction with the Zr and Al consumes a 
number of oxygen atoms in the amount of jdt per unit area during the time increment dt. 
Correspondingly, the gain of oxygen atoms in the oxide (per unit area) equals Ndx, where 
N is the elemental atomic density of oxygen in the oxide layer. For mass conservation, 
(7) 
Combining eq. (6) and (7), the progression of the oxidation front follows a parabolic rate 
equation [16,17], 
(8) 
where the transport constant Kgxide is related to the oxygen diffusivity n gxide by 
(9) 
Equation ( 4) and (8) predict the same growth kinetics for a process limited by the 
diffusion of either nickel into the alloy or oxygen through the oxide. However, the 
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experimentally observed Ni-enrichment at the interface indicates that the Ni diffusion is 
the slower process. The following considerations give further support for this 
interpretation. 
The Ni diffusion in amorphous Zr50Ni50 has been studied by Hoshino et al. , who 
found a diffusivity of 7.1 xl0-19 m2/s at 370 °C [18]. For an order-of-magnitude estimate 
of the transport constants K~:0Y , we adopt this diffusivity value, a Ni concentration of 25 
at. % inside the alloy (C0), and one of 35 at.% at the interface (C 1) . Setting y =l , the ratio 
(10) 
is 0.08. Neglecting the change in the Zr atomic density with depth into the alloy, K~:oy is 
about 6x10-20 m2/s. 
Paljevic et al. have studied the oxidation kinetics of the polycrystalline phase 
Zr3Al under conditions similar to this experiment (atmosphere pressure, dry oxygen flow) 
[19]. A transport constant of 4.7x1Q-l8 m2/s for oxygen in the polycrystalline oxide is 
extrapolated for 370 °C from their Arrhenius plot obtained with data from 440 to 530 °C. 
We take this number for an order-of-magnitude approximation of the transport constant 
K oxide 0 . 
By these estimates, K~:oy is about two orders of magnitude smaller than K~ide. 
Combining such evaluation with the experimental observation of a steady-state Ni 
enrichment at the interface, we propose that the oxidation process is controlled by the Ni 
back diffusion. 
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3.2 Activation energy of growth process from 310 to 390 °C 
Backscattering spectra (not shown) of the samples oxidized between 310 °C and 
390 °C depict similar depth profiles as described above for 370 °C. X-ray diffractometry 
and transmission electron microscopy studies have shown that the oxide layer and the 
alloy in all samples remain amorphous. 
Figure 2 shows, for several temperatures, a linear relation between the square of 
the oxide thickness and the annealing duration. Only two points are included at 410 °C , 
as the oxide remains amorphous only for 1 hour or less at that temperature (see section 4). 
Least-squares fits are also presented. To convert the shift of the Ni edge in the 
backscattering spectra to the oxide thickness, the atomic density of amorphous Zr-Al-0 is 
required. This density is calculated approximately from a linear combination of the 
densities of amorphous Zr02 and crystalline Al20 3 according to the 4: 1 Zr to Al cation 
ratio. The molecular density of the amorphous Zr02 was taken as 2.I 8x 1022 cm-3 [20]. 
For Al20 3, we used the molecular density of 2.34x1022 cm-3 of the a-Al20 3 phase [21]. 
The resulting atomic density for the amorphous Zr-Al-0 phase is 6.90x 1022 cm-3. The 
transport constants were derived from the slope of the least-square fits. 
The logarithms of these constants as a function of the reciprocal temperature are 
shown in Fig. 3. The data can be fitted by a straight line 
ln K =-Ea 
K kT' 0 
(9) 
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where the value of K0 is (2.8±0.3)x I0-5 m2/s, and the activation energy Ea equals 
1.7±0.05 eV/atom (164 kJ/mol). 
The Arrhenius plots for the transport constants Kg-Ai-o and K~'.-Ni estimated from 
ref. 18 and 19 are also shown in Fig. 3. The activation energy of 1.7 eV/atom obtained 
here is higher than, but close to, the activation energy of K~'.-Ni (1.45 eV/atom), while it is 
substantially higher than that of Kg-Ai-o (l.18 eV/atom) [18]. This observation further 
supports, albeit indirectly, the conclusion that the growth of the amorphous zirconium-
aluminum-oxide is very likely limited by the Ni diffusion into the alloy. 
4. Oxidation at 410 °C and above 
4.1 Oxidation at 410 °C 
The backscattering spectra of samples oxidized at 410 °C for various durations 
(Fig. 4) are similar to those of Fig. 1 for oxidation at 370 °C and reveal the same layered 
structure. 
X-ray diffraction spectra of an as-quenched foil and of one annealed for 1 hour at 
410 °C depict only a broad signal characteristic of an amorphous phase (Fig. 5). The 
transmission electron micrograph (Fig. 6a) shows that an oxide layer (lightly contrasted 
region) has formed after one hour of annealing. The non-planar interface between the 
oxide and the alloy (indicated by dashed line) is an artifact of the sample preparation. 
Both the layer and the substrate are fully amorphous. The horizontal scratches (direction 
of microtoming) and the band-shaped vertical structure in the cross-sectional micrographs 
are marks left by the diamond knife and are typical for microtomed samples [22]. 
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The depth distribution of the metal elements in the oxide and beyond was 
obtained by energy dispersive x-ray analysis from a cross-sectional specimen of a foil 
annealed for one hour at 410 °C (Fig. 7). The diagram shows the relative intensities of 
the NiKa, ZrKa and AlKa signals as a function of depth. The interface, defined as the 
point at half-maximum Ni concentration, is indicated in the diagram. The measured 
intensities do not change beyond 200 nm from the surface where the corresponding 
concentration is Zr60Al 15Ni25 • It is not possible to derive the atomic compositions of the 
elements in the oxide from these data because oxygen cannot be detected by energy 
dispersive x-ray analysis in our setup using a Be window. In agreement with 
backscattering spectrometry, the Ni content within the experimental resolution is zero in 
the surface layer, and increases rapidly near the interface, reaching a maximum near 130 
nm in depth. The transition region has a thickness of about 60 nm. The thickness of the 
surface oxide layer is about 110 nm. The discrepancy with the value measured by 
backscattering spectrometry (160 nm) may be caused by a lateral non-uniformity of the 
oxide layer, and/or the error in the estimated density used to derive the thickness from the 
backscattering spectrum. 
The x-ray spectrum of a foil oxidized for two hours reveals Bragg peaks (Fig. 4) 
of a cubic Zr02 phase and an intermetallic compound Zr6NiAI2 [23]. An estimate based 
on the Debye-Scherrer formula indicates that the average grain size of the Zr02 particles 
is only a few nanometers. 
The transmission electron micro graphs of this sample (Figs. 6b and 6c) reveal 
many nanocrystals embedded in the amorphous oxide layer near the interface (arrow c). 
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These nanocrystals were too small for unambiguous energy-dispersive x-ray analysis or 
electron diffraction analysis, but they probably correspond to the Zr02 phase discerned in 
the x-ray spectrum. A cluster of grains is also observed across the interface in the middle 
of the micrograph B (arrow a). Energy dispersive x-ray analysis reveals that this cluster 
contains a crystalline Ni-rich ZrNiAl phase, which is not detected by x-ray diffraction 
because of its small volume fraction. Crystalline particles of the Zr6NiA12 phase (arrow 
b) are embedded in the matrix of the amorphous alloy. 
4.2 Oxidation at 430 °C 
X-ray diffraction results indicate that the alloy crystallizes at 430 °C after 1 hour 
of heat treatment in oxygen (Fig. 8). The diffraction spectrum reveals the presence of the 
phases Zr02 and Zr6NiA12, which are already seen at 410 °C. After 4.5 hours, three 
additional peaks develop, which possibly result from the diffraction of Zr5Ni4Al. 
Backscattering spectrometry yields spectra similar to those observed at lower 
temperatures. 
4.3 Oxidation at 450 °C 
Oxidation experiments were also performed at 450 °C. The backscattering spectra 
of these samples contain no distinctive features that are readily interpreted. It is very 
likely that at this temperature the oxide and the alloy are both polycrystalline and the 
oxidation proceeds rapidly and non-uniformly. 
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5. Oxidation at 290 °C and below 
Oxides formed at 290 °C or below can be resolved by backscattering spectrometry 
only if the oxidation proceeds for days or even longer. 
We carried out such oxidation experiment with a hot stage in air. The power 
applied was set manually by a commercial dimmer. The temperature was monitored and 
the dimmer was adjusted from time to time to avoid significant deviations from the 
desired temperature. The fluctuation is about 5 to 10 °C in both directions. Oxidation 
has been carried out for 41 days at temperatures ranging from 200 to 295 °C. The 
elemental depth profiles derived from the backscattering spectra show that Ni is still 
absent in the oxide (Fig. 9). 
The thickness of the oxides was derived from the spectra, as described in section 
3.2. The corresponding transport constants derived for 255, 275, and 295 °C are shown 
on the Arrhenius plot from 310 to 410 °C (Fig. 10). The point at 200 °C is omitted 
because of the large experimental error in the thickness determination. The constants 
attained in this manner are consistent with the Arrhenius plot derived from the data at 310 
°C and above. We thus conclude that the oxidation mechanism remains the same down 
to 255 °C. 
6. Remarks on preferential oxidation 
The oxidation of alloys is usually more complicated than that of pure metals. 
Birchenall, in a review paper [24], discussed the case when the alloy contains a relatively 
active element and a more noble one. In such a case, according to BirchenalJ, preferential 
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oxidation of the active element may take place and the back-diffusion of the noble 
element may become rate-controlling, provided that its rate is lower than that of the 
oxidant in the oxide, and also that the alloy does not dissolve an appreciable amount of 
oxygen. 
The oxidation process of the polycrystalline GexSi1_x system has recently been 
described in details [25]. In this binary system, silicon dioxide is thermodynamically 
more stable than Ge02 [26]. However, at low temperature, the motion of Ge and Si is 
frozen and the oxidant reacts with both Ge and Si as it reaches the interface by diffusion. 
As the temperature increases, the oxidation transitions gradually from a uniform to a 
preferential one. At the transition temperature (- 700 °C), the Ge-Si-0 formed has a 
higher Si to Ge ratio than the alloy. When the transition is complete, Ge is fully rejected 
from the oxide and accumulates behind the oxide. 
In the amorphous alloy Zr60Al15Ni25 , Zr is the most reactive and Ni, the most 
noble element in terms of oxidation, based on a comparison of the free energy of 
formation per mole atoms for the corresponding stable oxides (Zr02, Al20 3, and NiO) at 
low temperatures [26]. Nickel is also expected to be the most mobile among the three 
elements due to its small atomic size compared to Zr and Al. We consistently observed 
the diffusion of Ni into the alloy at temperatures between 310 °C and 410 °C. According 
to the discussion in section 3, the diffusivity of Ni in the alloy is lower than that of the 
oxygen in the oxide. Thus the transport of Ni can limit the oxidation rate of the alloy 
Zr60Al 15Ni25 • 
123 
A preferential oxidation of Zr over Al is not observed at temperatures below 41 O 
°C. In this temperature range, the Al and Zr atoms are kinetically frozen and the 
chemical equilibrium of the oxide with the metal phases is suppressed. As temperature 
rises, the diffusivities increase. It is expected that Al, the second smallest element, will 
eventually be rejected from the oxide. This may be the situation starting to develop at 
410 °C after two hours, where the nucleation and growth of Zr02 particles is observed. 
Another possibility is that the Zr02 particles precipitate out of the zirconium-aluminum 
oxide. Such a process is unrelated to the progression of the oxidation front. We consider 
this situation to be unlikely because the Zr02 particles are only located within a layer 
adjacent to the interface, and not throughout the oxide. Isolated particles of a preferential 
oxide have also been observed in oxidized Fe-Ni alloys [27]. 
Being a ternary system, the Zr60Al 15Ni25 alloy conceptually can have two 
transition temperatures. The first one could be below 200 °C, where all three elements 
are oxidized simultaneously below this temperature. Above the first transition 
temperature, Ni becomes mobile and is gradually excluded. This is described in section 
3. The second transition takes place at 410 °C, when Al begins to migrate out from the 
oxide during oxidation. 
At the same time when the Zr02 nanocrystals form, the entire amorphous alloy 
starts to nucleate. To examine the relationship between the nucleation of the crystalline 
intermetallic alloy and the formation of the Zr02 nanophase, an unoxidized foil was 
annealed in vacuum at 410 °C for two hours. Transmission electron micrograph of this 
foil (not shown) reveals grains embedded in the amorphous matrix of the alloy, like in a 
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sample annealed in oxygen ambient. The sizes of the grains are about the same as those 
observed in the oxidized samples. The positions of the peaks in the x-ray diffraction 
spectra of these two foils are exactly the same except for the presence or absence of two 
Zr02 peaks. We thus reach the conclusion that the Zr6NiA12 grains are formed inside the 
alloy of samples annealed in both vacuum and oxygen atmosphere and that the 
crystallization of the amorphous Zr60Al15Ni25 alloy at 410 °C is independent of the 
oxidation. 
7. Oxidation of Zr72.5Al15Ni12.5 at 330 °C 
As developed so far the oxidation process of Zr60Al 15Ni25 can be described by a 
simple model. In this final section, we show that a relatively minor change in alloy 
composition complicates the results significantly. We have oxidized an alloy with a 
lesser concentration of Ni of 12.5 at. %. The sample still preserves an amorphous 
structure after quenching and subsequent oxidation at 330 °C. Figure 11 shows two 
backscattering spectra of amorphous Zr60Al15Ni25 and amorphous Zr72.5Al15Ni12.5 both 
oxidized at 330 °C for 2 hours together with that of the as-quenched foil of 
Zr72.5Al15Ni12.5. The energy of the 4He2+ beam was set at 6.2 MeV to take advantage of 
the enhanced scattering cross section of oxygen in the 6.0 to 6.2 MeV range [28]. The 
resonance oxygen signal indicates that the surface oxide layers have about the same 
thickness, but additionally, oxygen is detected below the interface in the Ni-lean sample. 
From the spectrum, we estimate that the oxygen content in this sample drops 
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monotonically below the oxide layer from 20 to 25 at. % at the interface to 0 at. % some 
70 nm inside the alloy. 
This result implies an elevated content of oxygen in the Ni-lean alloy. It is quite 
conceivable that the oxygen just below the interface exists as a solid solution in the 
amorphous alloy. On the other hand, the diffusion rate of Ni in the alloy is almost 
independent on the composition of the alloy, since the oxides have about the same 
thickness for both alloys. 
8. Conclusion 
Preferential oxidation is observed at the surface of amorphous Zr6oAJ 15Ni25 alloy 
foils. Zr and Al are uniformly oxidized at temperatures ranging from 200 °C to 390 °C 
with the Zr/ Al ratio in the oxide similar to that in the alloy. The alloy and the oxide 
remain fully amorphous. We suggest that the growth of the oxide is controlled by the Ni 
back-diffusion in the alloy. At 410 °C, the intermetallic compound Zr6NiA12 nucleates 
homogeneously in the alloy and a Ni rich ZrNiAl phase nucleates near the alloy/oxide 
interface. At the same time, Zr02 forms in the oxide layer near the interface. 
This study supports literature reports that in some alloys which contain a 
relatively reactive element and a relatively noble one, a transition temperature exists from 
uniform to the preferential oxidation. The oxidation is homogeneous below this 
temperature. As temperature rises, the mobility of the noble specie increases, and this 
element is excluded from the alloy at the interface. The growth of the oxide layer could 
be controlled by the diffusion of the rejected noble element in the alloy. 
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The onset of crystallization for the amorphous alloy takes place at 410 °C. This 
crystallization is independent of the oxidation progression. 
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FIG. 1. Backscattering spectra of Zr60Al 15Ni25 amorphous foils before and after annealing 
in dry oxygen at 370 °C for various duration. (The incident beam is normal to sample 
surface; scattering angle of detected particles is 170 °) The levels marked on the right rods 
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FIG. 2. The square of the oxide thickness, x, vs. oxidation duration at temperatures from 
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FIG. 3. Arrhenius plot of the transport constants obtained from Fig. 2 from 310 °C to 410 
°C. Added for comparison as dashed lines are: (i) calculated values of the effective 
diffusion constants for Ni in amorphous Zr50Ni50 based on diffusivity data of Hoshino et 
al. [18], and (ii) experimental values for oxygen in the polycrystalline oxide of Zr3Al 
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FIG. 4. Backscattering spectra of Zr60Al15Ni25 amorphous foils before and after annealing 
in dry oxygen at 410 °C for various duration. (The incident beam is normal to sample 
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FIG. 5. X-ray diffraction spectra of foils before and after annealing in dry oxygen at 370 
°C for 8h and at 410 °C for 1 hand 2 h. (Co Ku,/....= 0.179 nm.) 
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FIG. 6. Bright-field transmission electron micrographs of foils after annealing at 410 °C 
in dry oxygen for 1 h (A) and 2 h (B). Fig. C shows the framed area in Fig. B. Arrows 
used in Figs. B and C point to: a. a cluster of Zr5Ni4Al nanograins at the interface, b. 
nanocrystalline Zr6NiA12 phase inside the alloy, c. nanocrystalline Zr02 particles 
embedded in the amorphous oxide near the interface. The non-planar interface between 
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FIG. 7. Relative intensities of the NiKa, ZrKa and AlKa signals from energy-dispersive x-
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FIG. 8. X-ray diffraction spectra of foils before and after annealing in dry oxygen at 430 
°C for 0.5 h, 1 hand 4.5 h. (Co Ka, /..., = 0.179 nm.) 
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FIG. 9. Backscattering spectra of Zr60Al 15Ni25 amorphous foils before and after annealing 
in dry oxygen at 200-295 °C for 41 days. (The incident beam is normal to sample surface; 
scattering angle of detected particles is 170 °) 
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FIG. 11. 6.2 MeV 4He2+ backscattering spectra (incident beam normal to sample surface, 
scattering angle of detected particles is 177 °) of amorphous foils Zr60Al 15Ni25 (a), and 
Zr72.5Al 15Ni 125 (b), both annealed at 330 °C for 2 h in dry oxygen. For comparison, a 
spectrum of the as-prepared Zr725Al15Ni125 sample is plotted in (c). The spectra are shifted 
vertically for clarity. The insert shows an enlarged portion of the unshifted spectra near 
the oxygen signal. 
